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SUMMARY
This work is concerned with the processing and properties of chromium reinforced alumina 
ceramics with the Cr particles in both the micro- and nano-scale ranges. The influence of 
processing and microstructure on the mechanical properties has been studied.
Al2 O3 -2 0 vol%Cr micro-composites have been fabricated using both sintering and hot pressing 
techniques. Sintering environment has a crucial influence on the microstructural development 
of the pressureless sintered AI2 O3 -Q: composites. It was found that too little or too much 
oxygen is detrimental to AI2 O3 /C1' interfacial bonding. Attempts have been made to improve 
the AI2 O3 /C1' interfacial bonding by sintering in a graphite powder bed in order to control the 
oxygen partial pressure. The fracture toughness of the composite with strengthened interfaces 
was the highest of all the sintered samples. However, the improvement is limited by the brittle 
fracture of Cr. This may be caused by the high carbon content associated with Cr particles in 
the composite. The ductility of Cr was higher in the hot-pressed AI2 O3 -C1’ samples. The 
possibility of further toughening AI2 O3 by Cr80Ni20 and Cr20Ni80 alloys with higher 
ductility was explored. It was shown that 20 wt% of Ni present in the alloying phase did not 
change the ductility, but when the Ni content increased to 80 wt% the crystal structure 
changed to f.c.c., giving a inherently ductile metal. However, the large thermal mismatch 
between AI2 O3 and Ni/Cr alloys led to a high density of microcracks at the interfaces. The 
composites with different metallic phases had similar fracture toughness values as measured 
by double cantilever beam testing. Among the Al2 0 3 -CrxNii.x composites, the highest fracture 
toughness, 5.8 MPa 111 , was achieved by the hot pressed AI2 O3 -C1' composite. This value is 
comparable to values measured for other alumina-metal systems. The poor bonding at the 
alumina/metal interface is the main limitation to toughening in these composites. Thus, it may 
not be possible to have a strongly bonded and ductile reinforcement.
The pressureless sintered Al2 0 3 -Cr composites with different particle sizes showed different 
thermal shock behaviour. The composite with fine Cr particles exhibited a thermal shock 
behaviour which is typical of engineering ceramics, but with an improved critical temperature 
difference compared to sintered AI2O 3. The specimen with a larger Cr particle size showed 
gradual strength degradation with increasing temperature difference. The increased fracture 
toughness, low initial strength and low Young’s modulus of the composite are the primary 
reasons for the greater strength retention following quenching.
A lth o u g h  A I 2O 3 w as toughe ned  b y  C r  and C r /N i a llo y s , the  s tren g th  o f  th e  m ic ro -c o m p o s ite s  
w as n o t im p ro v e d  as the  m e ta l p a rtic le s  acted as la rge  fla w s . In  o rd e r to  reduce  the  f la w  s ize 
n a n o -co m p o s ite s  w e re  in ve s tig a te d . A l2 0 3-5v o l%  C r  nanocom pos ites  w e re  fa b ric a te d  u s in g  a 
c h e m ic a l m e th o d . O p tim is a t io n  o f  the  p rocess ing  p rocedu re  le d  to  a d es ira b le  m ic ro s tru c tu re  
and s ig n if ic a n t ly  in creased s trength . A m o n g  the  nan ocom pos ites , the  h ig h e s t s tren g th , 
736± 29  M P a , w as ach ieved  b y  h o t p re ss in g  at 1450°C . T h e  im p ro v e d  s tre n g th  o f  the  
n a n ocom pos ites  is  the  consequence o f  the  m ic ro s tru c tu re  re fin e m e n t b y  h o m o g e n e o u s ly  
d is tr ib u te d  nan o -s ized  C r  p a rtic le s . T h e  nanocom pos ites  are s l ig h t ly  to u g h e r th a n  the  pa ren t 
A I 2O 3, a lth o u g h  the  va lues  o f  the  fra c tu re  toughness are lo w e r  th a n  those fo r  the  20v o l%  
m ic ro -s c a le  p a r t ic le  toughe ned  A I2O 3. T hu s , a s m a ll degree o f  to u g h e n in g  and s ig n if ic a n t 
s tre n g th e n in g  have  been ach ieved  b y  AI2 O3 -C1* nanocom pos ites .
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NOMENCLATURE
Coefficient of thermal expansion 
Coefficient of thermal expansion of matrix 
Coefficient of thermal expansion of particle 
Difference in coefficient of thermal expansion 
Nominal stress at stretch u 
Fracture strength
Average residual stress in the matrix 
Average residual stress in the particle 
Yield stress 
Hydrostatic stress 
Poisson’s ratio of composite 
Poisson’s ratio of matrix 
Poisson’s ratio of second phase 
Contact angle 
Fracture energy
Free energy of a relaxed solid surface
Free energy of a relax liquid surface
Interfacial energy of solid-liquid
Thermal conductivity
Density of specimen
Density of water
“Work of rupture” parameter
Half diagonal length of a Vickers indentation
Distance from crack tip to the loading axis in double cantilever beam testing 
Distance from notch end to the loading axis in double cantilever beam testing 
Length of surface radial crack 
Flaw size
Effective test-line length for grain size measurement 
Critical particle size
Specimen thickness in 3-point bend testing 
Mean grain size for grain size measurement 
Young’s modulus
Ec Young’s modulus of composite
Em Yoimg’s modulus of matrix
Ep Yoimg’s modulus of particle
f Volume fraction
AGC Increase in toughness
AG, Stand Gibbs free energy
Hv Vicker’s Hardness
Ki Mode I stress intensity factor
Kic Critical mode I stress intensity factor or fracture toughness
In Length of notch
»P Length of plate
L Support span in 3-point bend testing
M Magnification
Neff Effective number of intercepts for grain size measurement
Na„ Number of intercepts with the boundaries of contiguous grains of the primary 
phase for grain size measurement
Nab Number of intercepts with the interfaces between the primary and the second 
phase for grain size measurement
P02 Oxygen partial pressure
P Indentation load
R First thermal-stress-resistance parameter in thermal shock testing
R5 Second thermal-stress-resistance parameter in thermal shock testing
R” ” Forth thennal-shock-damage resistance parameter in thermal shock testing
t|) Thickness of plate
tw Thickness of web
T Temperature
AT Temperature different
ATC Critical temperature different
u Crack opening displacement
u* Crack opening displacement upon rupture of a ductile ligament
w Specimen width in 3-point bend testing
Wad Work of adhesion
w . Weight of specimen
AWS Weight difference of specimen in different medium
Y Crack/specimen geometry parameter
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Chapter 1 
Introduction
1.1 Project Background
The brittleness of ceramics has limited their application as structural materials due to the 
inability to relieve stress concentrations at crack tips. Using the well-known relationship
K 1C
(L1)
where oy is the fracture strength of a brittle material, K]C is the fracture toughness, Y is a well- 
documented crack/specimen geometry parameter and C is the flaw size, it can be seen that the 
fracture strength of brittle materials can be improved by increasing the fracture toughness and/or 
by a reduction in the critical flaw size. Much effort has been invested in controlling processing 
technology to reduce the size and density of processing flaws to give stronger ceramics yet these 
still fail catastrophically. The alternative approach of producing tougher ceramics has the 
advantage that the micro structures may impart sufficient fracture resistance that strength 
becomes insensitive to the size of flaws (Evans, 1990). The fracture toughness of the matrix 
materials can be improved by incorporating various energy-dissipating components into the 
ceramic microstructure to create ceramic matrix composites (see Table 1.1).
Previous work 0 1 1  Al20 3-Ni and Al20 3-Fe composites at Surrey (Sun 1993, Trusty 1994, 
Aldridge 1996) has shown that significant improvement in some mechanical properties, most 
notably fracture toughness, can be achieved through the incorporation of metallic particles into 
an alumina matrix. However, the fracture toughness and strength have not been improved 
simultaneously. Ceramic matrix nanocomposites (CMNCs) have been shown to provide 
improved fracture strengths by microstructure refinement. Thus, the principal project aim was to 
explore the possibility of combining nanotechnology with the ductile particle reinforcement of 
ceramics to produce a material which is stronger, yet maintains the other advantageous 
properties. It was decided to extend the scope of materials investigated by using chromium as
1
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the metallic phase. Chromium is interesting as it has a coefficient of thermal expansion which is 
lower than alumina (unlike iron and nickel), but relatively close to silicon carbide, the second 
phase used in the majority of CMNCs. It is desirable to compare any nanocomposite with both 
the parent matrix monolith and the equivalent micro-scale composite. Thus, intermediate, 
subsidiary aims of the project were to produce near optimum alumina-chromium micro­
composites and to investigate their mechanical behaviour. During the course of the research it 
became evident that the inherent brittleness of chromium might be a limitation thus nickel- 
chromium alloys were investigated as inclusions for the toughening and strengthening of 
alumina matrices.
1.2 Thesis Outline
Following this introductory chapter, the second chapter reviews the literature relevant to this 
project, beginning with the ductile phase toughening mechanism in ceramic composites in which 
both phases are 0 1 1  the micro-scale. The second part of the literature review presents the 
preparation, strengthening and toughening mechanisms of ceramic matrix nanocomposites, 
mainly concentrating on Al20 3-SiC and Al20 3-metal nanocomposites. In Chapter 3 the 
experimental details of the processing and characterisation of the Al20 3-CrxNi,_x (x=0-l) 
composites are described. The microstructural development of the pressureless sintered Al20 3-Cr 
composites and the hot pressed Al20 3-CrxNi1.x (x=0-l) composites are reported and discussed in 
the second part of chapter 3. Chapter 4 deals with the processing and microstructural character of 
the Al20 3-Cr nanocomposites. The assessment and results of mechanical properties including 
hardness, fracture toughness and flexure strength on the pressureless sintered Al20 3-Cr 
composites are given and discussed in chapter 5. Chapter 6 presents the results on mechanical 
properties of the hot pressed Al20 3-CrxNi1.x (x=0-l) composites and the Al20 3-Cr 
nanocomposites. Conclusions drawn from the current work are presented in Chapter 7. 
Suggestions for further work are also outlined in the same chapter.
2
Chapter 1 Introduction
Table 1.1 A comparison of various toughening mechanisms in ceramic 
matrix composites (after Evans, 1990)
Mechanism Plighest Toughness 
(MPa m1/2)
Exemplary Materials Limitation
Transformation —20 Zr02(MgO)
H f09
T<900K
Microcracking -10 A l,03/ZrO,
Si3~N4/SiC
SiC/TiB,
T<1300K
Strength
Metal Dispersion -25 a i2o 3/a i
ZrB2Zr
Al90 3/Ni
WC/Co
T<1300K
Oxidation
Whiskers/Platelets -15 Si3N4/SiC
Si3N4/Si3N4
Al90 3/SiC
T<1500IC
Oxidation
Fibres >30 CAS*/SiC
LASVSiC
Al90 3/SiC
SiC/SiC
A190 3/A190 3
Processing
Coatings
Fibres
* Calcium aluminium silicate glass-ceramic
+Lithium aluminium silicate glass-ceramic
3
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Chapter 2 
Literature Review
2.1 Introduction
Ceramics have predominantly covalent or ionic bonds that prohibit substantial dislocation 
motion or plastic deformation. Therefore, most ceramics fail to relieve stress concentrations in 
front of a crack tip. Consequently, catastrophic failure occurs. To produce structures with high 
resistance to crack propagation and provide the conditions for slow and predictable failure, 
rather than catastrophic fracture, relaxation of the crack-tip stress field is required. The 
incorporation of a second metallic phase, either as isolated particles or a network, is a means 
to achieve this. By plastic deformation, the metal phase relieves the stress concentration at the 
crack tip and toughens the ceramic matrix. There are some pre-requirements to satisfy in order 
to utilise fully the metallic ductility to toughening the ceramic. Therefore, the first part of the 
literature review describes the metal particle toughening mechanisms, mainly the crack 
bridging mechanism, and the factors that influence the fracture behaviour of the composites 
including residual thermal stress and the nature of the interface between the particle and the 
matrix.
In general, however, the addition of second-phase dispersions causes an increase in flaw size 
in composites which has a negative effect 0 1 1  the strength of composites (Selcino et al., 1997). 
Consequently, it is difficult to improve fracture toughness and strength simultaneously. For 
this reason, ceramic matrix composites with nano-sized dispersions are reported to have been 
developed in order to reduce flaw size. Ceramic-ceramic nanocomposites, such as Al20 3-SiC, 
exhibit significant improvements in fracture strength but lower increases in fracture 
toughness. Attempts to improve fracture toughness and strength at the same time have been 
made by incorporating nano-sized metallic particles in ceramic matrices. However, the 
mechanisms behind the improvements in the mechanical properties in A1,03 matrix 
nanocomposites are still unresolved. The second part of the literature review is concerned 
with nanocomposites, with special emphasis on Al20 3-SiC and Al20 3-metal nanocomposite 
systems that have been attracting most current research attention. It starts with the 
classification of ceramic matrix nanocomposites and the processing of these two
4
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nanocom posite  system s. T his is fo llow ed b y  a general descrip tion  o f  the m echanical 
p roperties and toughening  and strengthening  m echanism s o f  these tw o nanocom posites.
2.2 Toughening of Brittle Ceramics with a Ductile Metal Phase
2.2.1 Introduction
Significant toughening  can be achieved by  incorporating ductile partic les in  b rittle  ceram ic 
m atrices, as has been show n in several system s, such as A l20 3/N i (T uan et a l ., 1995), 
A120 3/A1 (F linn  et al., 1989), W C /C o (S igl e t al., 1987) com posites. T he m ain  con tribu tion  to 
the toughen ing  is the b ridg ing  m echanism  in w hich  the crack is b ridged  by  in tact ligam ents o f  
the ductile  phase behind  the advancing crack tip (F igure 2.1). Several factors in fluence 
u tiliza tion  o f  the inherent toughness o f  the m etallic  phase in  the com posites, such as physical 
and chem ical com patib ility  o f  the ceram ic and the m etal phases, m echan ical properties o f  the 
m etallic  phase, m icrostructure o f  the com posites and the ceram ic-m etal phase in terfaciai 
p roperties. D uctile phase toughened  b rittle  m aterials, w ith  bo th  phases in  the m icro-scale  
range and the  effect o f  these factors are review ed below .
2.2.2 Ductile Particle Toughening Mechanisms
I f  ductile  ligam ents b ridge an advancing crack, as the crack opens they  are stretched until 
fa ilure and the w ork-of-stre tch  contributes to the overall toughness. T oughen ing  is derived 
from  energy  d issipation  by  p lastic deform ation  o f  the ductile particles. "R-curve" behav iou r is 
a consequence o f  crack  b ridg ing  by  ductile partic les. Once a crack starts propagating , m ore 
partic les take part in bridging  and the fracture toughness increases until a p lateau fracture 
toughness value is reached. F urther crack  extension causes the ligam ents furthest from  the 
crack  tip  to fracture as new  partic les are encountered. The steady-state fracture toughness 
value is associa ted  w ith  a constant p rocess zone length.
A t steady-state, the increase in  toughness, AGC, can be estim ated from  the  w ork  o f  rup tu re  o f  
the ductile  phase w hich  is g iven by  the product o f  the nom inal stress (a) and the d isp lacem ent 
o f  the crack  faces, i.e.
5
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S G c = f ^ a ( u ) d u  (2.i)
where /  is the area fraction of the ductile materials intersected by the crack (assumed to be the 
same as the volume fraction of ductile phase), u* is the crack opening when the ductile metal 
fails, and o is the nominal stress at stretch u (a falling to zero at u—u*).
If work of rupture, x> is defined by
u *  / \
_  n r CT ("), «r—  o y u )
1 = I  M fr1 J  (2'2)
then
A G '= y fc 0R (2.3)
Equation 2.3 can be rewritten as
AK l c =(xfEG0R)'l:t (2.4)
where x  is the work of rupture parameter, E  is the Young’s modulus, R is the size of the 
inclusions and oQ is the uniaxial yield sfress of the ductile phase. The value of x  may be 
obtained by calculation of the area under the stress/stretch curve (see Figure 2.2). It depends 
on the reinforcement ductility, the work hardening coefficient and the extent of interfacial 
debonding.
For a lead wire surrounded by a glass matrix (Ashby et al., 1989), x  was in the range 1.6 to 6 
with the actual value depending on the debonding at the interface. It was equal to 1.6 for 
complete bonding with no matrix fracture, but reached 6 with limited debonding. Strong 
bonding of the reinforcement to the matrix led to a constrained situation. Only a small plastic 
deformation volume contributed to toughness. In this situation, the peak sfress could be high,
6
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but fracture occurred  at a sm all crack opening. T hus the value o f  % w as sm all. D ebonding  led 
to a low er deform ation  stress bu t a  h igher p lastic  displacem ent and the  resu ltan t x  value  w as 
larger. F igure  2.3 illustrates the effect o f  m atrix  constrain t on d ie  stretch  achieved by  the 
reinforcem ent. H ow ever, fo r particu la te  ductile phase toughened b rittle  m ateria ls, since the 
m axim um  gauge length  that can be  achieved is even sm aller than  the constra ined  cond ition  o f  
w ires, the w ork  o f  rap tu re  is com paratively  sm all, x  w as 0.24 - 1.8 in  N i inclusion  toughened  
A120 3 (T uan &  B rook, 1990). F o r the netw ork  structure o f  A1/A120 3 com posites, a sligh tly  
h igher x  value in  the range 2 to 3.5 w as obtained (F linn  et al., 1989) due to that the low er 
constra in t o f  the m etallic  phase gave larger gauge length  in  the netw ork  m icrostructure.
A lthough  the benefit from  the p lastic deform ation  o f  ductile partic les has been  show n, in 
som e cases the contribu tion  is sm all. T he m ain  lim itations to toughen ing  are ineffic ien t use  o f  
the ductile  re inforcem ent w ith  partic le  pu ll-ou t and crack p ropagation  only  in the m atrix  
tak ing  p lace  in  preference to p lastic deform ation  o f  the ductile partic les. T he first case m ay 
occur w hen  the ceram ic/m etal in terfacial bond  strength  is considerably  low er than  the  y ield  
stress o f  the  re inforcing  particles. Further, in order for the crack b ridg ing  m echan ism  to be 
effective, cracks should  be attracted  to the ductile particles, no t avoid o r bypass them . C racks 
bypassing  partic les w as identified  as a m ajor lim itation  o f  toughening  a brittle  m atrix  by 
ductile partic les (K rstic et al., 1981). It has been  predicted  that contribu tions from  crack 
deflection  w ould  only  increase the fracture toughness by  less than  15 % w ith  partic le  vo lum e 
fractions o f  0.1 to 0.3 (Faber et al., 1983).
2.2.3 Influence of Coefficient of Thermal Expansion Mismatch
T he toughness enhancem ent due to b ridg ing  is dom inated by the contribu tion  from  the 
neck ing  regim e. E arly  stages o f  deform ation  m ay  control w hether debonding  o r in ternal 
cav ita tion  occurs (M ataga, 1989). T herm al stresses m ay have influence v ia  the resu ltan t 
stresses in  the early  stages o f  deform ation.
Incorporation  o f  second phase partic les into a brittle  m atrix  w ill g ive rise  to an in ternal stress 
fie ld  w hen  the com posite cools from  the  p rocessing  tem perature i f  the tw o phases have 
differen t therm al properties. A ssum ing that a single spherical inclusion  is em bedded in an 
infin ite , flaw less m atrix  and that there is no  stress re laxation  during cooling  dow n from  the
7
Chapter 2 Literature Review
processing  tem perature, the  hydrostatic stress, cr,, w ith in  the partic le  can be expressed  as 
(Seising, 1961).
A a A  T
H 2 7 7  (2-5)
m  1 P------ i-------
2 E Et i l  p
w here A a  is the difference in  the coefficients o f  therm al expansion (C T E ), v is the P o isso n ’s 
ratio , and subscrip ts m  and p  stand for m atrix  and particle, respectively. A T  is the d ifference 
betw een  the tem perature o f  stress-free state (T, is usually  taken as the m axim um  tem perature 
encountered  in processing) and the tem perature o f  in terest (T R is no rm ally  taken  as room  
tem perature), i.e. AT -T -T R.
W hen oip < a m , a residual com pressive stress is created w ith in  the partic les and a  residual 
tensile  stress is in  the m atrix . In  th is case, pre-ex iting  cracks can  b e  attracted  to  the 
partic le /m atrix  interface. Furtherm ore , i f  the partic le  size is larger than  a critical size, it w ill 
resu lt in rad ia l cracks at the partic le /m atrix  interface 01* in its v ic in ity  (K rsitic  et a l., 1983), 
w hich  w ill seriously  degrade the strength  o f  the com posite (K rsitic, 1983). T he critical partic le  
size, d c , can  be  calculated  by (D avidge e t a l ,  1968):
( ^ , ) 2( ( 1 + v J  +  2 ( A ) ( 1 - 2 v „ ) )
P
(2.6)
T herefore, to p reserve a h igh  strength  in  a particu la te  com posite, it is necessary  to keep the 
second phase  partic le  below  a critical size. T oughening m ay be achieved in particu la te  
com posites w here a strongly  bonded partic le  is under a slightly  com pressive stress. This 
should  b e  the case o f  the C r inclusion  re inforced  A120 3 in  this study. A s show n in  T ab le  2.1, 
the C T E  o f  C r (6.2x1 O' 6 °C"!) is low er than  that o f  A120 3 (8.9x1 O' 6 °C"‘) w hich  m ay  have a 
p ositive  effect on the toughening  provided  that the partic le sizes o f  the C r inclusions are 
sm aller than  the critical value. H ow ever, the strength  m ay decrease i f  the C r partic le  size is 
larger th an  a critical value.
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W hen ap  >  a m , residual tension exists in  the m etal and residual com pression  exists in the 
ceram ic. A  com pressive in terfacial hoop stress develops around the m etallic  particle. This 
causes the  crack to be  deflected  aw ay and bypass the particles. This w as identified  as one o f  
the m ajo r lim itations o f  the toughening o f  b rittle  m atrix  by ductile partic les. To avoid cracks 
b ypassing  the partic les, residual therm al stresses should be m inim ised.
2.2.4 Ceramic-Metal Interfaces
F or the  particu la te  ductile inclusion toughened b rittle  m atrix  com posites, since it is very  
d ifficu lt to contro l in terface debonding, strong in terfacial bonding  is required  in  o rder to 
prevent partic le  pu ll-ou t and m axim ize the poten tial ductile partic le  toughening. T he 
in terfacial b ehav iou r o f  ceram ic-m etal couples is one o f  the crucial factors that determ ine the 
overall p roperties o f  com posites. T he in terfacial behaviour o f  a lum ina/m olten  m etal and 
alum ina/so lid  m etal couples is o f  concern  in  the presen t review  and special attention is g iven 
to A l ,0 3/N i, A l20 3/C r and A l20 3/N i(C r) system s.
W hen  a liqu id  is b rought into contact w ith  a solid, various phenom ena, such as w etting, 
d iffusion  and reaction  m ay occur. T he w ettab ility  o f  a solid ceram ic b y  a liquid m etal is 
determ ined  by  the contact angle, 6, defined in  F igure 2.4. W hen 6  is betw een  0° and 90°, the 
ceram ic is w etted  by the liquid  m etal. The liqu id  m etal does not w et the ceram ic in  the case 
w here 6  is betw een  90° and 180°.
A ccord ing  to the Y o u n g ’s equation, 0  is re la ted  to the surface and in terfacial energies by
y si -y sv+y ivcos® (2-7)
w here, y and y are the  surface energies o f  the solid  and the liquid phase, respectively , and y 
is the  in terfacial energy o f  the so lid-liqu id  system . E quation  2.7 also ho lds for a so lid  in 
equ ilib rium  w ith  a so lid  substrate.
T he correlation  betw een  the w etting  and the bonding  behaviour at the in terface in  so lid-liquid- 
vap o u r system s in  therm odynam ic equilibrium  is g iven by
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^ = v » + T / » - y  (2 .8)
where is the work of adhesion which is the work required to separate a unit area of the
*
interface to give the two original surfaces.
Combining equation 2.7 with equation 2.8 gives
Wa<! =Ya,(1 + cos0) (2-9)
Generally, the wettability of oxides by liquid metals is poor. Few ceramics are wetted by 
molten metals (Calow et al., 1971). Contact angles of In, Sn, Pb, Ag, Cu, Ni, Co, Fe on A120 3 
are of the order of 110° to 150° as shown in Figure 2.5 (Nikolopaulos and Agathopoulos, 
1992).
Oxygen can improve the wettability of a metal on alumina. Increasing the oxygen content of 
liquid copper decreases the contact angle of Cu on A120 3 from non-wetting to less than 90° 
(Naidich, 1981). It has been shown that oxygen reduces the interfacial energy (Chaklader et 
al., 1968, Knox and Baker, 1972) and promotes spreading of metal onto the substrate in 
several systems (see Fig 2.6).
Alloying additions, such as Ti and Cr, can also enhance the wettability of an oxide by a liquid 
metal. There are some studies concerning the effect of alloying Cr to metals on the wettablilty
of oxides by alloys (Armstrong et al., 1962, Calow et al., 1971, Crispin & Nicholas, 1976,
Kanetkar et al., 1988, Nakashima et al., 1998, Ritter & Burton, 1967). It had been shown that 
additions of Cr to Ni, Cu or Fe based alloys modified greatly the thermodynamic and 
mechanical properties of the metal/oxide interface. Although the contact angle of a 
Cu(Cr)/Al20 3 couple was reduced slightly compared with that of a Cu/A120 3 couple, i.e. from 
128° to 110°, the work of adhesion improved 1.8 times (Kritsalis et al., 1990). It was 
attributed to CrO clusters absorbed at the interface. Gaudette et al. (1997) suggested that Cr 
can act as a "getter" to clean the contamination from the interface zone, such as Cr getters 
carbon to form carbides and strengthened the interface in diffusion bonded Ni80Cr20 alloy on
a i2o 3.
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Wetting is also favoured by formation of chemical bonds at the interface. The formation of 
these bonds may be accompanied by mutual dissolution and /or reaction of the two phases. 
Chemical reaction at metal-ceramic interfaces can result in the formation of intermediate 
phases which may influence the interfaciai properties strongly. When such interfaciai reaction 
occurs, however, the interface can no longer be described by equation 2.7-2.9.
Numerous studies have been concerned with Al20 3/Ni system and have involved liquid or 
solid state bonding. The NiAl20 4 spinel is identified as a possible interphase product of the 
alumina-nickel bond. Formation of NiAl20 4 spinel can occur either through the reaction of 
A120 3 with NiO or the reaction of A120 3 with Ni at an oxygen activity greater than a threshold 
value. Studies on the solid state diffusion bonding of nickel to alumina suggest that spinel 
formation can result in a stronger interfaciai bond and therefore small amounts of nickel oxide 
are beneficial (Calow et ciL, 1971). Large amounts of spinel formation at the Al20 3/Ni 
interface are detrimental to the adhesion. Thus, a thin layer or the initiation of formation of 
spinel may be beneficial for the bonding of Ni to A120 3. A proper control of oxygen partial 
pressure during the fabrication process can achieve wetting, while avoiding the existence of 
spinel at the interface. This is beneficial for the toughening of the composite material (Sun,
1994).
Lu et al. (1996 & 1997) studied the Al20 3/Cr interfaciai reaction under different annealing 
temperatures by AES (Auger electron spectroscopy) and XPS (X-ray photoelectron 
spectroscopy). They suggested that the interfaciai reaction is as follows
2Cr+ A120 3 —> 2 (Cr-O-Al) +[0] —> Cr20 3+2A1 (2.10)
Although this reaction is unfavourable at room temperature because the enthalpy of formation 
of Cr20 3 (-272.4 kcal/mol) is less negative than that of A120 3 (-400.5 kcal/mol), it may occur 
gradually and form Cr20 3 and Al at higher annealing temperature. The metallic state Al peak 
was clearly identified by XPS after annealing the sample at 700 °C for 10 mins. Some studies 
have confirmed that some oxygen at the Al20 3/Ni(Cr) or Al20 3/Cr interface is necessary to 
ensure good adhesion (Calow et al., 1971, Ealet et a l., 1992, Pierce e t a l., 1983). Ritter and 
Burton (1967) found that different adhesion environments, e.g. hydrogen, argon, or vacuum, 
affected the bond strength of Al20 3/Ni(Cr). A more than 5 times increase in shear strength at
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the Ni(Cr)/Al20 3 interface resulted from bonding under vacuum. The lowest shear strength 
was found for bonding under a hydrogen environment. In this case, it was shown that the 
bonding between A120 3 and Ni(Cr) is weak due to the lack of a reaction layer at the interface. 
Pierce and Vaughan (1983) also found that oxygen is necessary to ensure good bonding of Cr 
film on A120 3 substrate. Although oxygen is essential to the Al20 3/Ni(Cr) interface, the extent 
of the chemical reaction should be controlled carefully. Poor adhesion between Ni/Cr alloys 
and sapphire resulted when excessive or insufficient oxidation occurred (Crispin et al, 1976). 
Therefore oxygen partial pressure is a crucial factor controlling the bonding at Al20 3/Cr and 
Al20 3/Ni(Cr) interfaces.
2.3 Ceramic Matrix Nanocomposites
2.3.1 Introduction
Most of the ceramic-metal micro-composites are produced by traditional powder metallurgy 
methods, i.e. mixing and consolidation. The non-uniform dispersion and large metallic 
particles are detrimental to strengthening by creating large flaws. In order to improve the 
fracture toughness and strength simultaneously it may be desirable to produce a composite 
with a homogeneous distribution of nano-sized metallic second phase. As little work has been 
done on Al20 3-metal nanocomposites, most of the basic understanding of the toughening and 
strengthening mechanisms of nanocomposites comes from the more extensively investigated 
system, Al20 3-SiC nanocomposites. Thus, in this part of the literature review, both Al20 3-SiC 
and Al20 3-metal nanocomposites are considered.
2.3.2 Classification of Nanocomposites
The term "nanocomposite" originated from the work of Roy and colleagues during the period 
1982-1983. Nanocomposite refers to a composite with more than one phase in the nanometre 
range (Laurent and Rousset, 1995). This general definition includes all composites between 
metals, ceramics and organic materials, but the present literature review will be limited to 
ceramic matrix nanocomposites (CMNCs).
According to their microstructures, CMNCs can be classified into four groups: intragranular,
12
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intergranular, mixed intra/intergranular and nano/nano-type composites (see Figure 2.7). In 
intragranular and intergranular type CMNCs, nano-sized particles are dispersed within the 
matrix grains or at the grain boundaries of the matrix, respectively. An intra/intergranular type 
CMNC is the mixture of intragranular and intergranular type microstructure. When the 
particle size of the matrix and the inclusion are both reduced to the nano-scale, a nano/nano­
type CMNC is produced. In this review, and later chapters, this classification is adopted.
2.3.3 Fabrication of Ceramic Matrix Nanocomposites
2.3.3.1 Introduction
Since a nanocomposite is a composite with at least one phase as small as nano-size, powder 
preparation is one of the crucial steps to obtain a successful material. In general, the 
processing of CMNCs can be divided into physical and chemical methods. The physical 
methods include conventional powder metallurgy, mechanical alloying. The using of polymer 
precursors, sol-gel and reduction are the main methods in the chemical route. Other methods 
such as CVD (chemical vapour deposition), sputtering and electrodeposition are the main 
preparation routes to obtain nano-scale thin films, but this is beyond the scope of the current 
work.
In the high performance ceramics area, much work has been focused on oxide ceramic- 
ceramic nanocomposites, e.g. Al20 3-SiC, and ceramic-metal nanocomposites, e.g. A120 3- 
metal, because of their wide applications. In the following section, recent work on Al20 3-SiC 
and Al20 3-metal systems with intragranular, intergranular or mixed inter/intragranular type 
microstructures will be reviewed. For all A120 3 matrix nanocomposites described in this part, 
the A120 3 grain size is in the micrometre range and the second-phase particles are on the nano­
scale.
2.3.3.2 AI20 3-SiC Nanocomposites
The methods of processing Al20 3-SiC nanocomposites include the conventional powder 
metallurgy route, the polymer precursor route and the sol-gel route.
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For the conventional powder metallurgy method, the selected fine raw powders are normally 
ball milled in organic solvent or water. After drying the slurry, the powder is consolidated. It 
is important that fine powder is selected as the starting material for both the matrix and the 
dispersion (Niihara, 1991). Optimization of conventional processing conditions for Al20 3-SiC 
nanocomposites involves controlling parameters such as the zeta potential of A120 3 and SiC 
aqueous slurries, the selection of organic mixing media as well as the type and quantity of 
dispersion agent and the milling process. Investigations on several organic media revealed 
large differences in their ability to stabilise the powder shinies (O'Sullivan et al., 1995). It has 
been reported that methanol is a suitable medium. Mixing A120 3 and SiC powders in water by 
controlling the pH is a cost-effective method. Contamination of powders during the milling 
can also have a pronounced effect on the mechanical properties (Oh et al., 1998). High 
fracture strengths (above 1 GPa) were achieved under milling conditions when contamination 
from the grinding media was low (Jeong et al., 1997). Moreover, one of the most critical steps 
is the drying of the slurries due to the high risk of forming agglomerates. The powder 
metallurgy method is a cost-effective processing route, but it is not very easy to control the 
particle size and distribution. Agglomeration is always likely to be a problem with very fine 
powders.
Sol-gel is an excellent and versatile processing method because of its potential to achieve fine 
scale homogeneity (Roy, 1987) although it is somewhat expensive. Al20 3-SiC 
nanocomposites with homogeneous micro structures were fabricated by sol-gel processing (Xu 
et al., 1994). Normally, boehmite gel is used as a source of A120 3. The experimental results 
showed that the proper condition for mixing A120 3 sols and SiC particles was a pH of about 
3.0-3.5. After drying, calcination and hot pressing, Al20 3-SiC nanocomposites were obtained 
with SiC particles well dispersed within the A120 3 grains.
The polymer precursor route is another processing method to overcome the limitation of 
achieving a good dispersion of SiC in A120 3. Different organic precursors including an A1,03 
precursor or a SiC precursor were used to fabricate powders. Depending on the precursor 
used, different types of Al20 3-SiC nanocomposites were obtained after consolidation (Winn et 
al., 1998). Compared to nanocomposites fabricated by the powder metallurgy route, sol-gel 
and polymer precursor methods lead to smaller alumina matrix grain sizes and more uniform 
dispersions of SiC particles.
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In order to get fully dense Al20 3-SiC nanocomposites, a sintering temperature higher than that 
required for monolithic alumina is necessary. Although expensive, hot-pressing has been used 
predominantly for the consolidation of nanocomposites. The sintering behaviour of Al20 3-SiC 
nanocomposites in the temperature range of 1000 °C - 1800 °C has been investigated by 
Nakahira et al. (1992). It was found that the densification rate of A120 3 was decreased by the 
addition of SiC. The rapid coarsening of A120 3 in the final sintering stage was retarded by SiC 
particles, resulting in a refined microstructure.
2.3.3.3 Al20 3-Metal Nanocomposites
The methods of processing Al20 3-metal nanocomposites include conventional powder 
metallurgy route, mechanical alloying (MA), the sol-gel route and reduction. The first two 
ways, the conventional powder route and MA, are physical processing methods, whereas the 
others are chemical ones.
Similar to the preparation of Al20 3-SiC nanocomposites, the conventional powder metallurgy 
method is an easy and cheap way to fabricate Al20 3-metal nanocomposites. In general, the 
powder mixture is ball milled in an organic medium, such as ethanol or acetone, in order to 
get a uniform distribution. As described previously, fine powders should be selected as 
starting materials and the drying process is also a crucial controlling process. Any 
inhomogeneity introduced at this stage is likely to form non-uniform micro structures which 
are detrimental to the mechanical properties, as shown later. Further, inhomogeneity is very 
difficult to avoid because of the high tendency for the powers to agglomerate.
Oh et al. (1998) and Nawa et al. (1994) fabricated Al20 3-Cu and Al20 3-Mo nanocomposites, 
respectively, by ball milling fine Cu and A120 3 powders in ethanol and Mo and A120 3 powders 
in acetone. After drying and hot pressing, intergranular and mixed intra/inter-type 
nanocomposites were obtained. In general, the fraction of intragraniilar nano-particles was not 
very high in the A120 3 matrix nanocomposites fabricated by the powder metallurgy method. A 
large number of particles (either nanometre or sub-micrometre) were accordingly dispersed at 
the matrix grain boundaries (Laurent & Rousset, 1995).
Different from traditional ball milling, MA is a high energy ball milling process which
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consists of repeated fracture, mixing and re-bonding of powders. Since materials with unique 
structures and properties, which cannot be achieved by conventional methods, can be obtained 
by it, MA has been attracting much attention in recent years. It is believed that MA is an 
effective way to obtain nano-grained powder in large quantities with relatively low cost. 
Al20 3-metal nano-grain sized powders have been obtained successfully by MA (Guichard et 
al., 1997, Matteazzi et al., 1992, Osso et. al., 1993). Normally, aluminium and the appropriate 
metallic oxides are used as starting powders and the following displacement reaction is 
induced by the high energy ball milling process.
2 Al + 3/y MxOy —> A120 3+3x/y M (2.11)
(M = V, Fe, Co, Ni, Cu, Cr)
Contamination, however, can result from the vessel and ball milling media after a long milling 
time. This may limit the application range of MA. Another feature of nano-structured powder 
prepared by MA is the high density of defects due to the mechanical action. These defects 
may affect the subsequent sintering process. No systemic work has been done so far on MA 
materials.
Turning to the sol-gel method, many composites between transition or noble metals (Mn, Fe, 
Ni, Co, Cu, Ag, Au, Pt, Pd) and oxides (A120 3, S i09, Z r09, MgO) have been fabricated by sol- 
gel method (Chatterjee et ah, 1989, Roy et al., 1984, Verelst et al., 1992). By controlling 
processing parameters carefully, CMNCs with very finely dispersed nano-sized inclusions can 
be obtained.
Alumina-metal nanocomposites can also be prepared by reduction of a mixture of A120 3 and 
another metal oxide in low oxygen partial pressure atmospheres such as hydrogen (H?) or 
C/CO gas. The mixture of A120 3 and the other metal oxide can be obtained by directly mixing 
A120 3 and metal oxide (Sekino et ah, 1997), by reducing a mixture of A120 3 and 
organometallic (Oh et a l, 1998, Sekino et a l, 1996) or from reducing a homogeneous oxide 
solid solution (Laurent et a l, 1998, Devaux et a l, 1998). As this method provides a fine and 
homogeneous dispersion, ceramic-metal nanocomposites with a controlled microstructure can 
be obtained.
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Oh et al. (1998) fabricated Al20 3-Cu nanocomposites from direct reduction of an A120 3 and 
CuO mixture. Compared to the composites fabricated by mixing of A120 3 and Cu powder, the 
A120 3-Cu nanocomposites obtained by reduction of the mixture of A120 3 and CuO showed an 
improvement in fracture strength and toughness due to a homogeneous dispersion of the fine 
Cu particles in the matrix and a finer matrix grain size (see Table 2.2).
Seldno et al. (1997) studied Al20 3-Ni nanocomposites fabricated from two different methods, 
one of which involved mixing A120 3 and nickel nitrate powders (Ni(N03)26H20) in alcohol 
and the other involved mixing A120 3 and NiO. The particle size distribution in the former one 
was narrower and the particles were much smaller than the latter one. Therefore, the fracture 
strength was improved as expected because of the refinement of micro structure (see Table 
2 .2).
Calcination and reduction temperatures are controlling factors in the reduction route which 
affect the microstructure and subsequent mechanical properties. Table 2.3 shows the 
mechanical properties of hot-pressed Al20 3-Cu nanocomposites with different reduction 
temperatures (Oh et al., 1997). The effect of reduction temperature on the mechanical 
properties of Al20 3-Cu nanocomposites is shown clearly. This may result from a change in the 
A120 3/Cu interfacial character.
Unlike consolidation of Al20 3-SiC nanocomposites, a relatively low sintering temperature, 
normally 1400 °C -  1600 °C, is used to fabricate high density Al20 3-metal nanocomposites by 
hot-pressing in order to avoid metal particle growth. Due to the relatively low melting points 
of the metals there is always a high risk of metal particles growing when liquid sintering 
occurs at a high fabrication temperature. Pressureless sintering has also been used at low 
temperature to obtain Al20 3-metal nanocomposites (Chen et al., 1999). However, Breval & 
Pantano (1992) found that Ni particles dewetted during pressureless sintering of the Al20 3-Ni 
nanocomposites. Hot pressing, thus, is necessaiy in order to obtain fully dense 
nanocomposites.
Normally, a bimodal distribution of metal particles has been found with the larger particles, 
which are of about 1 pm on the A120 3 grain boundaries and a finer dispersion within the A120 3 
grains (Laurent and Rousset, 1995). Ductile metals, such as Ni, Fe, Cu, are able more readily
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to accommodate residual strains caused by thermal mismatch between A1,03 and the metallic 
phase than the brittle ceramic. Depending on the ductility, the metallic second phase may have 
a high density of dislocations, in contrast to the high dislocation densities inside A120 3 grains 
which have been found in Al20 3-SiC nanocomposites.
2.3.4 Mechanical Properties of Ceramic Matrix Nanocomposites
2.3.4.1 Introduction
A significant improvement in mechanical properties of Al20 3-5vol% SiC nanocomposites was 
first reported by Niihara almost 10 years ago (1991). In his group’s work, the strength was 
increased from 350 MPa for monolithic A120 3 to over 1 GPa for Al20 3~5vol% SiC 
nanocomposite and the strength further increased to 1.5 GPa after annealing at 1300 °C for 
1 hour in air or an inert atmosphere. The fracture toughness was also improved, from
3.3 MPa m 1/2 to 4.7 MPa m 1/2. Since then, a lot of attention has been focused on optimising the 
microstructure of Al20 3-SiC nanocomposites by different processing routes and studying the 
mechanisms behind the significant improvements in mechanical properties. Among these 
investigations, some groups achieved strengthening by adding nano-sized SiC inclusions 
(Davidge et a l., 1997); some others, on the other hand, did not find any improvement in the 
strength (Borsa et a l., 1997). The strength and toughness of metal dispersed A120 3 
nanocomposites are improved simultaneously according to some researchers (Laurent et a l ., 
1998). However, some groups report improvements only in strength, but no significant 
increase in fracture toughness (Sekino et a l., 1997). It is important to note that mechanical 
properties should be measured on materials with equivalent grain sizes in order to reveal any 
true effect resulting from the nanocomposite. Figure 2.8 shows a comparison of fracture 
strength and toughness of Al20 3-SiC and Al20 3-metal nanocomposites at room temperature as 
a function of SiC or metal content as presented in several papers. Also, significant 
improvements in strength and toughness at elevated temperature, wear resistance and creep 
resistance have been observed (Davidge et a l., 1997, Descamps et a l ., 1999, Ohji et a l ., 1996). 
Table 2.4 and Table 2.5 summarise some of the mechanical properties of Al20 3-SiC and 
Al20 3-metal nanocomposites reported by different groups.
Several possible mechanisms, such as refinement of microstructure, reduction of critical flaw
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size and residual stresses due to machining, have been proposed to explain the high fracture 
strength both in Al20 3-SiC and Al20 3-metal nanocomposites. There is, however, no general 
agreement as to the mechanisms which cause the improved mechanical behaviour found in 
alumina matrix nanocomposites.
Compared to the significant increment in fracture strength, the fracture toughness of A120 3- 
SiC nanocomposites is increased modestly or zero. There is a distinctive change in fracture 
behaviour from intergranular fracture of monolithic A120 3 to a transgranular fracture mode in 
Al20 3-SiC nanocomposites. A larger increment in the fracture toughness, accompanied by a 
significant improvement in strength, was exhibited in some alumina-metal nanocomposites. It 
is known that the main toughening mechanisms for micro-scale CMCs are crack deflection, 
crack bridging, crack bowing and microcracking (Evans, 1990). Whether these toughening 
mechanisms are suitable for CMNCs is unclear and needs further consideration.
In the following sections, more details of the strengthening and toughening mechanisms of 
both A l,03-SiC and Al20 3-metal nanocomposites will be discussed.
2.3.4.2 Strengthening
Most work on the mechanical properties of Al20 3-SiC nanocomposites has found only a 
modest or zero increase in toughness (see Table 2.4). The high strength of Al20 3-SiC 
nanocomposites cannot be explained by a simple increase in toughness over monolithic A120 3. 
Niihara's original work reported a greater increase, 40 %, in toughness, but even this is not 
sufficient to explain the improvement in strength if all other factors remain constant. Several 
mechanisms based on a decrease in flaw size are proposed to explain the increase in strength. 
These include Zener grain boundary pinning, sub-grain boundary formation and surface 
compressive stresses caused by machining. For Al20 3-metal nanocomposites, both the 
toughness increase from the ductility of the metallic phase and a flaw size decrease may 
contribute to the increase in strength.
It is generally accepted that Zener grain boundary pinning is one of the main strengthening 
mechanisms. Compared with monolithic A120 3, one of the main features of Al20 3-SiC and 
Al20 3-metal nanocomposites is that the second phase particles, even at small volume fraction,
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significantly inhibit A120 3 grain growth. Further, abnormal grain growth is also reduced in 
A120 3 matrix nanocomposites resulting in a narrower grain size distribution. The Zener 
pinning of grain boundaries is generally accepted as a quantitative explanation of the 
inhibition of grain growth by inclusions although modelling work has shown that deviations 
exist, especially when the second phase content is high (Sternitzke, 1997).
The microstructure refinement by the second phase has been observed in both Al20 3-SiC and 
Al20 3-metal nanocomposites. For example, compared to a monolithic A120 3 with a grain size 
wi§ 1.22 pm and a strength of 683 MPa, the matrix grain size and fracture strength of a A120 3- 
5vol% Ni nanocomposite were 0.68 pm and 1090 MPa, respectively, under identical 
consolidation conditions (Seldno et al., 1996). The finer grain size in the composite was due 
to the grain growth restraint by a homogeneous dispersion of fine Ni particles. The increase in 
strength was primarily attributed to the refinement of the matrix grains. Thus, the presence of 
a nano-sized second phase, independent of whether it is ceramic or metallic, can inhibit the 
grain growth of the matrix.
Another strengthening mechanism for Al20 3-SiC nanocomposites, based on the reduction of 
flaw size as a result of the elastic-thermal mismatch between A120 3 and SiC, was suggested by 
Niihara's original work. A large residual stress develops around the SiC particles as the A120 3- 
SiC nanocomposites cool down from the fabrication temperature due to the thermal mismatch 
between A120 3 and SiC. High residual stresses lead to dislocations in the A120 3 matrix. The 
dislocations pile-up around SiC particles to form networks, which in turn evolve into sub­
grain boundaries. Thus, the micro structure is refined by sub-grains. The formation of 
dislocations depends on the locations of the inclusions in the composites (Xu et a l 1997). 
When the inclusions are present at the grain boundaries, thermal residual stress can be 
relieved by elastic accommodation, grain boundary sliding and diffusion-controlled processes. 
In the case where the inclusions are located within the grains, the diffusion rate is reduced and 
diffusion-controlled processes becomes more difficult such that shear-controlled mechanisms 
such as dislocation generation and movement and twining controlled stress relief mechanisms 
would be the preferred methods to accommodate the strain (Luo et al., 1997). Fang et al. 
(1997) calculated the maximum shear stress due to thermal residual stress (see Figure 2.9) and 
showed that the maximum shear stress is high enough to induce basal slip, but not sufficient 
to activate the prismatic slip system in the A120 3 matrix in a temperature range of room
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temperature to 2000 °C. However, the criterion requiring five independent slip systems to 
achieve full plastic deformation in polycrystalline materials is not met, because there are only 
two independent basal slip systems for alumina. Thus, the level of the residual stress is such 
that the amount of plastic deformation is limited. Consequently, it is unlikely that an extensive 
sub-grain structure would be formed in the Al20 3-SiC nanocomposites according to Fang's 
calculation. Microstructure refinement through sub-grain formation was rare or was not found 
extensively in several groups' work (Fang et al., 1997, Xu et a l, 1997). Although the 
occurrences of sub-grain boundaries were confirmed by TEM in some Al20 3-SiC 
nanocomposites (Jiao et a l, 1995, Niihara, 1991), values for dislocation densities are not 
available. Thus, sub-grain boundary formation is not likely to be fully responsible for the high 
strength of nanocomposites.
In alumina-metal nanocomposites, because of the inherent ductility of metals, plastic 
deformation may take place in metallic particles to accommodate some strain. Dislocations in 
the A120 3 grains were also found in some work (Nawa et a l, 1994 & 1996). Due to the low 
density, dislocation networks in the A120 3 matrix could not play an important role in the 
strengthening of Al20 3-metal nanocomposites.
Zhao et al. (1993) found that the high fracture strength in Al20 3-SiC nanocomposite could 
only be achieved for a ground surface and after annealing the strength could further increase 
from 760 MPa to 1000 MPa. In contrast, the toughness of the nanocomposite decreased 
slightly after annealing. They hypothesised that the grinding process created both cracks and 
compressive residual stresses in the surface of the material. After annealing the strength of the 
nanocomposite increased because of the healing of machining-induced cracks, whereas only 
partial relaxation of the machining-induced residual stress took place. This implied that 
monolithic alumina and nanocomposites might have different crack healing and residual stress 
relaxation behaviour. Further work based on studying satellite indentation cracks (Fang et a l,
1995) and detailed microstructural observation of ground/polished samples by TEM (Wu et 
a l, 1998) proved that during annealing of the nanocomposites, cracks are able to heal easily, 
but residual stress relaxation is more difficult. It was found that indentation-induced cracks 
healed in the nanocomposites, whereas for monolithic alumina, the residual stress was 
relieved by annealing, but any machining cracks were still present and even grew after 
annealing (Fang et a l, 1995). The strength of the ground alumina after annealing indeed
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decreased (Wu et al., 1998), whereas the strength of the ground nanocomposites increased 
after annealing. There was evidence that crack healing was driven by the oxidation of the SiC 
particles (Chou et al., 1998, Wu et al., 1998).
In contrast, Chou et al. (1996) found that the surface residual sfress induced by machining in 
the nanocomposites was similar to that generated in monolithic alumina and concluded that 
the residual machining stress could not be the major contribution to the strengthening in the 
nanocomposites.
2.3.4.3 Toughening
For Al20 3-SiC nanocomposites, a residual tensile hoop stress develops around SiC particles 
due to the difference in CTE between A120 3 and SiC. A crack path within the tensile region 
would decrease the toughness of a material (Bennison & Lawn, 1989). In most cases, a zero or 
modest increase in the toughness of Al20 3-SiC nanocomposites was reported. Thus, there 
should be some toughening mechanisms to compensate for the decrease due to the tensile 
stress in the matrix.
Crack deflection by the SiC particles is one of the possible toughening mechanisms. The 
residual stress would trend to deflect the crack towards intragranular particles due to the high 
tensile stress field around the SiC particles. This may result in a fracture mode change. Xu et 
al. (1997), however, found that cracks were more likely to be attracted to the larger 
intergranular particles. The interactions between cracks and smaller intragranular particles 
were much less frequent.
The contribution to the toughness by crack bridging in Al20 3-SiC nanocomposites was 
investigated by Ohji et al. (1998). They found that crack bridging by intragranular SiC nano­
particles did indeed occur. As SiC is a brittle particle, the composite will fail at a small crack- 
opening displacement and the process zone would be quite limited. As ductile metal 
inclusions can deform plastically, they may have a more significant contribution to fracture 
toughness by crack bridging behind the advancing cracks in alumina-metal system.
Microcracking has been observed and may also be a possible toughening mechanism in the
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A l20 3-S iC  nanocom posites (A nya et al., 1997), bu t it is unclear w hether o r no t the 
m icrocraclcs w ere in troduced  by  T E M  sam ple preparation. A lthough the  d ispersed partic le  
size is m uch  sm aller than  the critical partic les size for m icrocracking  (N iihara, 1991), the 
possib ility  o f  m icrocracking  toughening  in alum ina m atrix  nanocom posites canno t be 
com pletely  ru led  out.
In  the case o f  A l20 3-m etal nanocom posites, crack deflection  and crack  b ridg ing  m ay  be  the 
m ain  toughen ing  m echanism s. T he toughening  m echanism s o f  m icro-sized  m etal partic le  
re inforced  ceram ics have been  discussed in  section  2.2.2. C onsidering  a nano-sized  m etal 
partic le  reinforced  alum ina nanocom posite, a propagating  crack m ay  easily  avoid the sm all, 
spherical d ispersoids. T his w ould  severely  lim it the u tilization o f  the p lastic  deform ation  o f  
the m etallic  phase. Further, according to A shby et aV s pred ic tions (1989), larger m etallic  
partic les w ould  give b igger im provem ents in  fracture toughness. N ano-sized  m etal inclusions 
m ay no t contribu te to toughening  significan tly  by  p lastic  deform ation. H ow ever, A l20 3-m etal 
nanocom posites do offer som e very  prom ising  toughening  and strengthening  increm ents, as 
show n in  T ab le 2.5, i f  the m icrostructures are controlled  properly.
2.3.4.4 Fracture Mode
A  fracture m ode change from  in tergranular fracture for A120 3 to in tragranular for A l20 3-SiC  
nanocom posites has been  observed. This has been  attributed to the therm al residual stress and 
grain  boundary  strengthening (Jiao et al., 1997, N aw a et al., 1994, Schm id  et al., 1998). 
H asson  et al. (1993) pred ic ted  a 58%  increm ent in  fracture toughness resu lting  from  changing  
the fracture m ode alone.
F or m ateria ls contain ing a particu la te second phase, on cooling from  the p rocessing  
tem perature, residual stress w ill be developed  due to the difference in  coefficien t o f  therm al 
expansion  (C TE) betw een  the m atrix  and the particles. F or an  iso lated  spherical partic le , the 
local m icrostresses are independent o f  the vo lum e fraction o f  the second phase partic les. I f  the 
therm al m ism atch  is accom m odated  only  by  elastic deform ation, residual stresses can  be 
described  by  E quation  2.5. R esidual stress increases w ith  decreasing distance from  the partic le  
and reaches a m axim um  value at the interface betw een  the m atrix  and the particle. A s the 
stress around in tergranular inclusions can be relaxed m ore read ily  than that around
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intragranular particles, the high tensile hoop stress around intragranular SiC particles tends to 
attract a crack towards the particles promoting transgranular fracture.
Further, a particle near to a grain boundary can cause a clamping effect on adjacent grain 
boundaries, thus strengthening boundaries and decreasing the probability of intergranular 
fracture. From a grain boundary fracture energy calculation, Jiao et al. (1997) found that the 
Al20 3/SiC grain boundary is strengthened. Later, in a systematic study of the interaction of 
cracks with nano-sized SiC inclusions, Jiao et al (1998) found that it is SiC particles on the 
grain boundaries, rather than SiC particles within grains, which cause grain boundary cracks 
to move into the interior of the grains. They concluded that it is the presence of intergranular 
SiC which leads to crack deflection at the interface.
In practice, the volume fraction of the second phase may also influence the micro stress 
distribution. A model proposed by Taya et al. (1990) incorporated the effect of the fraction of 
the second phase on the residual microstress for a particulate-reinforced ceramic matrix 
composite. The average stress in the matrix, om, and in the particle, ap, caused by thermal 
mismatch is given by
2(3 /(a  - a  )A TE
cr = ----------------------------    — --------------- (2.12)
" ( l - / X P + 2 ) ( l + v J  + 3 (3 /( l-v m)
2p(l-/)(a,,,-a,,)Arg,,,
CT" (l-/)(P+2)(l+vJ + 3p/(l-v,„)
where fi is given by
Values of average microstress in the matrix and the inclusion have been measured by means 
of X-rays (Levin et al., 1994) and neutron diffraction (Todd et al., 1995). Figure 2.10 shows 
the average microstress in an Al20 3-5vol% SiC nanocomposite presented by Levin et al.
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(1994) together w ith  the values p red ic ted  by  E quation  2.12 and E quation  2.13, using  
E m=  400 G Pa, Ep =  480 G Pa, vm =  0.23, vp =  0.17, a m =  8.9X10 ' 6 ° C 1 and  a p =  4.4X10 ' 6 ° C 1. 
T he p red ic ted  results are in  good agreem ent w ith  the experim ental data.
C rack p ropagation  should  be inhibited  th rough  a com pressive stress field and prom oted  in  the 
tensile  regions. A s a h igh  SiC  volum e fraction w ill resu lt in  a h igh  tensile  residual stress, it is 
p robab le  that the fracture toughness o f  a particu la te reinforced alum ina can  only be im proved 
for sm all vo lum e fractions o f  S iC  particles. Thus, a critical vo lum e fraction o f  second phase 
exists beyond  w h ich  the toughening  contributed from  residual stress w ould  decrease. It is also 
noted  that a sm all partic le  size, for the sam e vo lum e fraction o f  partic les, w ould  d im in ish  the 
deleterious influence o f  the tensile residual stress on the fracture toughness (Levin et  a l ., 1995).
S ince m etal is m ore readily  deform ed plastically  by  dislocation  m ovem ent than ceram ic, it is 
possib le  that the residual therm al stress could be partia lly  accom m odated  by  the m etallic  
phase. T he residual therm al stress present in A l20 3-m etal nanocom posites, how ever, is m ore 
d ifficu lt to assess due to  the unknow n re laxation  o f  the m etallic phase on cooling. T he fracture 
m ode o f  A l20 3-m etal nanocom posites depends on  the m icrostructural characterisation  and the 
physical character o f  the d ifferent m etal inclusions used. T he fracture m ode o f  an A l20 3-M o 
nanocom posite  is trangranular (N aw a e t  a l ., 1994), as a consequence o f  the  therm al m ism atch  
(a Mo <  a AI203 see T able 2.1). T he in tergranular fracture m ode o f  an A l20 3-N i nanocom posite  
(C hen e t  a l . , 1999) w as attributed w eak grain boundaries. So far no system ic w ork  has 
considered  the  m echanism s o f  im provem ents in  the m echanical p roperties o f  A l20 3-m etal 
nanocom posites.
2.4 Summary of the Literature Review
B rittle  ceram ics can be effectively  toughened  by  a  m icro-scale ductile second phase. T he m ain  
toughen ing  m echanism  is crack bridging. Several factors influence the  ab ility  to u tilize  
inheren t toughness o f  the m etallic phase, such as the physical and chem ical com patib ility  o f  
the  ceram ic and the m etal phases, m echanical p roperties o f  the m etallic  phase, m icrostructure 
o f  the  com posites and the ceram ic-m etal in terfacial properties.
To u tilise  fully  the inherent toughness o f  the m etal inclusion, a p ropagating  crack  shou ld  be
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attracted to metal inclusions, not avoid or bypass them. In the case of ap<am, such as in the 
Al20 3/Cr system, the residual stress created by CTE mismatch is favourable for attraction of 
an advancing crack to the interface provided that the particle size is below a critical value. For 
ap>am> such as in Al20 3/Ni and Al20 3/Ni-Cr composites, the residual stress created by CTE 
mismatch is liable to cause cracks to bypass the spherical particles, limiting the efficient use 
of the inherent toughness of the ductile phase.
For particulate ductile inclusion toughened ceramics, although partial debonding at matrix- 
ductile inclusion interface may benefit toughening, it is difficult to control and ductile phase 
pull-out is often the main limitation to toughening. Thus, a strong interfacial strength is 
necessary to ensure the bridging of the crack by the ductile phase.
Sufficient oxygen is essential to ensure good bonding at Al20 3/Cr, Al20 3/Ni and Al20 3/Ni-Cr 
interfaces. Insufficient or over reaction at the interface is detrimental to mechanical properties. 
Thus a proper control of oxygen partial pressure during fabrication is necessaiy in terms of 
strong interfacial bonding.
Addition of micro-sized second phase dispersions generally causes an increase in the flaw size 
of the composites. Due to the different requirements for strengthening and toughening of a 
brittle material, strength and toughness are difficult to improve simultaneously in micro-scale 
composites. Therefore ceramic matrix nanocomposites have been fabricated in order to reduce 
flaw size.
As microstructure is strongly influenced by details of the processing method and in turn 
determines the mechanical properties, careful powder processing is crucial in obtaining 
CMNCs. There are several different processing routes to fabricate Al20 3-SiC and Al20 3-metal 
nanocomposites, including powder metallurgy, mechanical alloying, polymer precursors, sol- 
gel route and reduction method. In each case, special attention should be given to avoid 
agglomeration and coalescence. Depending on the details of the processing, different 
microstructural types of CMNCs, i.e. intragranular, intergranular, mixed intra/intergranular 
and nano/nano-type nanocomposites, can be obtained according to Niihara's classification.
A120 3 may be strengthened by either SiC or metal nano sized particles. Several strengthening
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mechanisms based on decreasing flaw size have been proposed. SiC inclusions, however, 
contribute less to the toughness of A120 3; modest or even zero toughening has been found in 
Al20 3-SiC nanocomposites. The fracture mode changes from intergranular fracture in 
monolithic A120 3 to trangranular fracture in Al20 3-SiC nanocomposites. This may result from 
the thermal mismatch between the two phases and also interface strengthening. The fracture 
mode change may also benefit to the toughening of the nanocomposites.
Due to the ductility of metal inclusions, a higher fracture toughness is achieved in some 
Al20 3-metal nanocomposites. Strength and toughness improved simultaneously in some 
Al20 3-metal nanocomposites. Thus, the strengthening by nano-sized metallic inclusions 
benefits from both a toughness increase and a flaw size reduction. To conclude, the 
strengthening and toughening mechanisms in A120 3 matrix nanocomposites are far from clear; 
several mechanisms have been identified, which may work in isolation or conjunction.
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Table 2.1 L inear coefficient o f  therm al expansion o f  som e m aterials 
(data taken  from  A SM , 1979 and M orrell, 1987)
M aterials
C oefficient o f  L inear E xpansion  
cU x 1(T6 ° C ])
Si3N 4 3.2
SiC 4.7
W 4.6
M o 4.9
C r 6.2
A 1 A 8.9
Fe 11.7
Ni 13.3
Co 13.4
Cu 16.5
Al 23.6
M il 25.2
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Table 2.2 Mechanical properties of some nanocomposites prepared from different starting 
powder mixtures (data taken from Oh et al., 1998 and Sekino et al., 1997)
Starting Powder Relative density 
(%)
Strength 
of (MPa)
Fracture toughness 
K(r (MPa m 1/2)
Grain size 
(pm)
A120 3/Cu 97.1 370 4.72 >1
A120 3/Cu0 98.1 583 5.40 0.63
A l,03/NiO 98.7 980 3.5 0.96
Al20 3/Ni(N03)26H20 99.5 1090 3.5 0.64
Table 2.3 Some properties of Al20 3-5vol%Cu nanocomposites and 
monolithic A120 3 (data taken from Oh et al., 1997)
Reduction temperature 
(°C)
Young's modulus 
E (GPa)
Hardness
Hv(GPa)
Fracture touglmess 
KjC (MPa m 1/2)
Strength
a f(MPa)
1000 372 17.1 3.55 731
1100 373 16.8 4.89 819
1450 372 17.0 3.94 606
1100* 396 17.8 3.57 536
'^monolithic alumina
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Figure 2.1 Bridging of an advancing crack by ductile particles
u/R
Figure 2.2 Non-dimensional stress as a function of stretch behaviour 
of a typical ligament and the associated a rea /
33
Chapter 2 Literature Review
Normalised plastic stretch u*/R
Fig 2.3 “Work of rupture” parameter as a function of maximum normalised displacement
(after Ashby et al., 1989)
Figure 2.4 Schematic diagram showing the contact angle, 0, of 
a liquid metal on a ceramic substrate
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Figure 2.5 Effect of temperature on the contact angle formed by liquid on alumina 
(after Nilcolopoulos & Agathopoulos, 1992)
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Figure 2.6 The effect of oxygen dissolved in the liquid metal on wettability of solid oxides 
(Al20 3-Ni 1500°C, after Eremenko andNaidich, 1960;
Al20 3-Cu 1150°C andMgO-Cu 1150°C, after Naidich, 1981)
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Intra-type Inter-type
Intra/inter-type Nano/nano-type
Figure 2.7 Classification of ceramic matrix nanocomposites (after Niihara, 1991)
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Figure 2.9 Graph showing the calculated temperature dependence of the maximum residual 
shear stress Tres in the A120 3 matrix due to thermal expansion mismatch for the Al2 0 3/SiC 
nanocomposites. Included also is the temperature dependence of the yield stress required for 
basal and prismatic slip and for rhombohedral twinning in A120 3 (after Fang et al., 1997)
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Figure 2.10 Predicted average residual microstress in the matrix <am> (— )
and nano inclusions <op> (------) for Al2 0 3/SiC nanocomposites
together with data from Levin et al. (1994)
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Chapter 3
Processing a n d  Microstructural Characterisation of 
the Al 20 3-Cr Micro-Composites
3.1 Introduction
In the first part of this chapter the experimental details of the processing and characterisation of 
the Al20 3-CrxNi,_x (x=0-l) composites are described. A description of the starting powders, the 
preparation of powder blends and the consolidation of Al20 3-Cr and Al20 3-Cr/Ni composites is 
given in detail. This is followed by the experimental details of the density measurement, 
specimen preparation for microstructural observations, phase identification and microstructural 
examinations including XRD (X-ray diffraction), SEM (scanning electron microscope), TEM 
(transmission electron microscope) and XPS (X-ray photoelectron spectroscope) techniques. 
The second part of this chapter starts with the microstructural characterisation of the pressureless 
sintered Al20 3-Cr composites and the influence of oxygen partial pressure on the micro structural 
development is discussed. This is followed by a description of the microstructural 
characterisation of the hot pressed Al20 3-CrxNi1.x (x=0-l) composites.
3.2 Composite Preparation
3.2.1 Starting Materials
The starting materials used for fabrication of the Al20 3-Cr and Al20 3-Cr/Ni alloy composites are 
AKP-30 a-Al20 3 powder, two Cr powders with different particle sizes, Cr80Ni20 alloy powder 
(80% Cr and 20% Ni by weight percentage) and Cr20Ni80 alloy powder (72% Ni, 16% Cr and 
8 % Fe by weight percentage). The A120 3 powder was supplied by Sumitomo Chemical Co. Ltd., 
Tokyo, Japan. The purity of the alumina powder is 99.99% and the particle size is in the range 
0.3-0.5 pm. The two pure Cr powders with different particle sizes and the Cr/Ni alloy powders 
with different Cr contents were supplied by Goodfellow Advanced Material, Cambridge, UK.
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The two Cr powders both have a purity of 99.0 %. One is coarse (C) Cr powder with particle 
sizes in the range 45-200 pm; the other one is fine (F) powder with a maximum particle size of 
5 pm. For both the Cr20Ni80 and Cr20Ni80 powders the particle size is less than 75 pm, as 
quoted by supplier. Some properties for these four metallic powders as supplied by the 
manufacture are shown in Table 3.1 and Table 3.2.
3.2.2 Preparation of Powder Blends
Two different ball milling methods, dry and wet milling, were used. Before mixing, each 
powder was weighed to give a final product with 2 0  vol% of metal by talcing the theoretical 
densities as 7.19 Mg in' 3 for Cr (ASM, 1979), 7.5 Mg in 3 for Cr80Ni20 (calculated), 8.4 Mg m ' 3 
for Cr20Ni80 (supplier) and 3.98 Mg in ' 3 for A12 0 3 (Morrell, 1987). The theoretical densities of 
the composites are calculated to be 4.63, 4.68 and 4.86 Mg m ' 3 for Al2 0 3-Cr, Al20 3-Cr80Ni20 
and Al20 3-Cr20Ni80, respectively, assuming no reaction product has formed.
In total, four different Al2 0 3-Cr blends were prepared. Powder blends I (coarse Cr powder) and 
III (fine Cr powder) were prepared by dry milling of A120 3 powder and Cr powder in 
polypropylene bottles for 3 hours. Alumina cylindrical milling media, with a total mass of half 
of the powder blend, was added to promote mixing.
Powder blends II (coarse Cr powder) and IV (fine Cr powder) were fabricated by wet milling the 
A120 3 and Cr mixture in ethanol with alumina milling media for 24 hours. Following the milling 
process, the slimy was placed into an oven at 65°C for 24 horns to evaporate the alcohol, 
leaving a dry, composite powder blend.
Al20 3-Cr/Ni powder blends were made by milling the A120 3 powder and corresponding amount 
of alloy powder in ethanol with A120 3 milling media for 24 hours. The sluiries were then dried at 
65°C for 24 hours.
All powder blends were passed through a 200 pm screen after mixing. Afterwards the powder 
blends were consolidated into composite specimens by pressureless sintering or hot pressing, as
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described below. In addition to the composites, some alumina was prepared for comparative 
purpose.
3.2.3 Pressureless Sintering
Prior to sintering, green bodies were produced by cold uniaxial pressing. Both discs (diameter 
25 mm) for microstructural examination and bars (5 nun x 6.3 mm x 63 mm) for strength testing 
were produced. For the discs, about 10 g blend powder was put into a steel die and pressed at 
about 30 MPa, giving a sample height of about 8  mm. About 5 g blend powder was used to press 
bar shaped specimens at about 24 MPa by the same method. Sintering of the green bodies was 
performed in a tube furnace (Lenton 1850 High Temperature Tube Furnace) with different 
environments, i.e. air or argon atmosphere. In order to investigate the effect of oxygen partial 
pressure on the properties of the sintered specimens, a graphite powder bed was also used to 
control the sintering environment. The heating ramp rate was 5 °C min"1. Once the sintering 
temperature was reached, the temperature was held for a certain time. The furnace was cooled 
naturally to room temperature after the required dwell time. The sintering schedule details are 
given in Table 3.3.
3.2.4 Hot Pressing
About 10 g of powder blend was hot pressed in a 25 mm diameter graphite die. The graphite die 
and heating element were protected from oxidation by a continually flowing argon atmosphere. 
All samples were heated at 20 °C m in1. On reaching the hot pressing temperature, a uniaxial 
pressure of 20 MPa was applied. Both pressure and temperature were held for a certain time. 
The pressure was then released and the system cooled to room temperature. Specific details of 
the hot pressing schedules are given in Table 3.4.
3.2.5 Identification of the Composites
All Al20 3-Cr specimens are labelled by a four-character code (as shown in Table 3.3 and Table 
3.4). From the left, the first character (S) or (H) stands for sintering or hot pressing, respectively. 
The second one refers to coarse (C) or fine (F) Cr powder used in the starting powder. The third
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one is the number of the powder blend, i.e. powder blend I, powder blend II, etc. The last one is 
a number given to distinguish the different specimens fabricated from the same powder blend.
The hot pressed Al20 3-Cr/Ni composites are described by the fraction of Cr and Ni, such as 
Cr80Ni20 and Cr20Ni80. The last number is given to distinguish the different specimens 
fabricated from the same powder blend.
3.3 Characterisation of the Composites
3.3.1 Particle Size Distribution of the Starting Powders and the Powder Blends
The particle size distributions of the stalling powders and the powder blends were measured 
using a laser particle size analyser (Malvern Master-sizer). A small amount of powder was 
dispersed in water. When a laser beam is passed through the powder suspension, the beam is 
diffracted though an angle dependent on the size of the particle. The analyser measures the 
intensity of light falling on a series of detectors and so calculates the volume fraction of each 
size present.
3.3.2 Density Measurements
The density of uniaxial pressed green bodies was estimated from the mass and volume of the 
compacts. The final density of the composite was determined by Archimedes’ principle. Prior to 
density measurement, specimens from the pressureless sintered and hot pressed samples were 
lightly abraded to remove the skin. The specimens were weighed first in air, and then in tap 
water. The density was calculated using the following equation:
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where ps and Ws are the density and the weight of the specimen, respectively, pw is the density of 
water and AWs is the weight difference of the specimen before and after its immersion into 
water.
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There are two possible types of porosity, open and closed, in the ceramic. Once the specimen 
reaches 95% of the theoretical density, the open porosity has been essentially eliminated 
(Shields, 1987). From the SEM observations, most of the samples are quite dense. Thus, the 
measured density is taken as the bulk density of the composite.
3.3.3 Microstructural Characterisation
Specimens for microstructural characterisation and subsequent indentation testing were cut on a 
small bench-top cutting machine (Struers, Accutom) with a diamond wheel. After cutting, the 
samples were mounted in balcelite, and then were ground using diamond (125 pm, 75 pm, 
40 pm, 20 pm) impregnated wheels with water lubricant. Polishing was carried out using fine 
cloths with an alcohol-based lubricant and 6  pm, 3 pm and 1 pm diamond sprays. All grinding 
and polishing processes were performed using a semi-automatic polishing machine (Struers, 
Planopol-2/Pedemax-2) with a polishing time of 10 minutes for each diamond spray.
Phase identification was performed using X-ray diffractometry (XRD) on a Philips PW1050 X- 
ray diffractometer. A Cu K a target with a monochrometer was used with a voltage of 46 lcV and 
an electric current of 35 mA. All samples were scanned from 20° to 100° at 3° per minute. The 
measured d spacing values and the intensities of the corresponding diffraction peaks were 
compared with the standard JCPDS (Joint Committee for Powder Diffraction Studies) powder 
diffraction cards of possible phases.
Microstructural observations of the powder blends, the polished surfaces and fracture surfaces 
used a Hitachi S3200N scanning electron microscope (SEM) with energy dispersive X-ray 
analyser (EDX). Prior to examination, powders and fracture surfaces were sputter coated with 
gold or carbon to prevent charging. As the oxygen Ka peak is superimposed on the Cr La peak, a 
JEOL 8600 Superprobe scanning electron microscope which consists of a scanning electron 
microscope with a quantitative energy dispersive X-ray analyser (EDX) and a wavelength 
dispersive X-ray analyser (WDX) with 4 crystal spectrometers was used to analysis the 
distribution of elements in different specimens.
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Transmission electron microscope (TEM) specimens were made by cutting a thin plate of about 
400-600 pm in thickness from the bulk specimens using a diamond saw. Discs of 3 mm in 
diameter were drilled from the plate using a high speed chilling machine (Testbourne Servodrill). 
After polishing to a thickness of 150-200 pm, the discs were dimpled on a VCR D500 dimpler 
to a thickness of about 50 pm and then ion beam thinned from both sides using a Gatan Ion- 
Beam Thinner at 10°. TEM studies were conducted on a Philips EM200 microscope equipped 
with an EDX analyzer, at 200 lcV.
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XPS (X-ray photoelectron spectroscopy) analysis for the characterisation of Al20 3-Cr surfaces 
was performed on a VG ESCALAB rnldl X-ray photoelectron spectrometer. MgKa was used as 
the X-ray source. Al 2p, Cr 2p and Cls photoelecfron lines were recorded. The shift of binding 
energy caused by the charging effect was corrected by using the shift of the carbon peak.
Thermal etching was used to facilitate measurement of the grain sizes of the composites. 
Following polishing, the monolithic A120 3 samples were heated at 1400 °C for 15 minutes and 
the composites were heated at 1350 °C for 30 minutes in flowing argon in a tube furnace 
(Lenton). The thermally etched samples were observed by SEM. Following thermal etching, the 
grain size was compared to a fracture surface of an unetched sample. It was found that thermal 
etching does not affect significantly the size of the grains and metal particles.
A modified liner intercept technique proposed by Wurst and Nelson (1972) was used to 
determine the mean grain size:
C rr
£> = 1.56— e£—  (3.2)
MNejr
where D is the average grain size, M is the magnification, Ceffis the effective test-line length for 
grain size measurements in the primary phase in a two-phase system and is given by
Ceff=C(l-J) (3.3)
where C is the total length of the test line and /is the volume fraction of the second phase.
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Neff is the effective number of intercepts and is given by
Neir = Nm + V2Nab (3.4)
where Naa is the number of intercepts with the boundaries of contiguous grains of the primary 
phase and Nab is the number of intercepts with the interfaces between the primary and the second 
phase.
A constant of 1.56 is incorporated as a correction factor to account for the possibility that the 
line does not encounter the diameter of the grain.
3.4 Microstructural Development of the Pressureless Sintered Al20 3-Cr Composites
3.4.1 The Starting Powders and Powder Blends
The starting powders, including the A120 3 powder (AKP-30), the coarse (donated to ‘C’) and 
fine Cr powders (donated as ‘F ’), Cr80Ni20 and Cr20Ni80 powders, were investigated by 
SEM (as shown in Figure 3.1). The primary particles of A120 3 powder are smaller than 1 pm 
but form agglomerates (Figure 3.1(a)). The coarse Cr powder has a very regular flake-like 
shape with the size ranging from 50 pm to 300 pm (Figure 3.1(b)) which is bigger than 
quoted by the supplier. The particles of the fine Cr powder are less than 5 pm. Like the fine 
A120 3 powder, agglomerates are formed in the fine Cr powder (Figure 3.1(c)). Figure 3.2 is 
the X-ray diffraction (XRD) profile from the coarse and fine Cr powders. A small amount of 
chromium oxide, probably present on at the Cr powder surface, is evident.
The morphologies of the Cr80Ni20 and Cr20Ni80 powders are different. The Cr80Ni20 
powder has a more regular, flake-like shape, with dimensions less than 120 pm (Figure 
3.1(d)). It is larger than the value quoted by the supplier. The particles of the Cr20Ni80 
powder are spherical with a diameter of less than 40 pm, which is much smaller than that of 
the Cr80Ni20 powder (Figure 3.1(e)). Again, agglomerations form in both the Cr80Ni20 and 
the Cr20Ni80 powders.
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All of the Al20 3-Cr powder blends show a bimodal particle size distribution (Figure 3.3). The 
first mode, corresponding to A12 0 3 particles, is located at about 1 pm and the second one due 
to the Cr particles, is located at about 10 or 35 pm depending on the starting Cr powders used. 
In powder blend I, the second mode due to Cr particles, moves towards lower particle sizes 
after milling. The second mode of powder blend IV which results from the fine Cr particles, is 
almost constant. No obvious particle size reduction was achieved by milling for powder blend 
IV. The particle size distributions of powder blend II and III are the same as the powder blend 
I and powder blend IV, respectively. From SEM observation, smaller particle sizes are 
observed than those measured by laser diffraction. It is possible that A120 3 particles become 
embedded in the surface of the large Cr particles creating a larger pseudo-particle. Garcia 
(1998) observed that Cr particle size was not influenced significantly by milling time. The 
high surface energy of the fine powder promotes the formation of agglomerates and the 
plasticity of the metal may make it difficult to achieve fine blends by milling.
3.4.2 Microstructural Characterisation of the Pressureless Sintered Al20 3-Cr 
Composites
In the present study, disc-shaped green bodies for pressureless sintering were uniaxially 
pressed to shape. The sintering schedules and sample identifications are given in Table 3.3. 
The densities after sintering are also shown in the same table. It can be seen that the sintering 
environment and temperature influence significantly the densification behaviour of the 
composites.
The pure A120 3 can be sintered to 97.5 % theoretical density (Figure 3.4) after sintering at 
1500 °C for 1 hour. The average grain size, by line intercept method, is about 3.6 pm. Some 
pores could be found, mainly at grain boundaries.
The samples that were obtained from powder blend II could not be sintered to a reasonable 
density by pressureless sintering methods whether they were sintered in air, argon or a 
graphite powder bed. Large cracks, perpendicular to the pressing direction, can be seen 
(Figure 3.5) possibly resulting from stresses introduced by the non-uniform density arising 
from particle-particle and particle-die friction. Studies of this blend were discontinued.
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Specimens SCI1-SCI7 were fabricated from powder blend I under different sintering 
atmospheres. Generally, porosity and processing defects cannot be avoided in these 
pressureless sintered samples. The original flake-like shaped Cr particles could still be 
recognised in the sintered bodies and the Cr particle size is up to 100 pm. As the Cr particle 
size in the powder blend was smaller than this, according to laser diffraction results, it 
suggests that the Cr may coalesce during sintering.
SCI1 was sintered in air for 1 hour. The specimen is pinkish in colour when viewed by eye, 
which indicates the existence of chromium oxide. The X-ray diffraction (XRD) pattern 
(Figure 3.6(d)) showed that the composite was composed of a-Al2 0 3 and Cr2 0 3 with a trace of 
Cr. This suggests that most of the Cr at the surface was oxidized during sintering in air and a 
(Al, C r),0 3 solid solution (ss) may be formed. Figure 3.7 is the typical microstructure of SCI1 
both at the edge and close to the centre of the sample. The Cr particles are bright and the 
A120 3 matrix is dark for all SEM observations. Porosity and cracks can be seen in both cases. 
Close to the edge, a continuous layer of oxide was formed around the Cr particles, which has a 
medium grey colour in the micrograph. Some of the former positions of Cr particles, 
especially at the edge of the sample, have become holes after sintering and also high porosity 
is present at the interface between Cr and Cr20 3. Figure 3.8 is a SEM photomicrograph and 
corresponding WDX X-ray map of the O, Cr and Al elemental distributions at the interface 
between A12 0 3 and Cr in specimen SCI1. Al, Cr and O are present at the interface which 
supports the view that a (Al, Cr)20 3 solid solution was formed. Close to the central area, no 
obvious reaction layer around Cr particles was found and the sample was composed of denser 
A12 0 3 and Cr. During sintering in air, sufficient oxygen is available to react with chromium 
and form a continuous layer of (Al, Cr)2 0 3 solid solution around the Cr particles in the outer 
part of the specimen. The oxidation of Cr in the inner part of the specimen depends on the 
diffusion of oxygen inwards from the atmosphere and the outward of chromium. The depth of 
oxidation scale would be expected to increase with increasing sintering time and temperature 
in air.
Sintering in air resulted in a microstructure with low density and high porosity due to the high 
oxygen partial pressure. Argon and a graphite powder bed were used in order to decrease the 
oxygen partial pressure and promote densification of the composite. Sample SCI2 was 
sintered in argon at 1500°C for 1 hour. A much higher density (96 %) was obtained. By eye,
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the specimen showed a veiy light pinkish colour at the surface and for about 1 mm into the 
inner part of the specimen, then changed to light grey close to the centre, which is the colour 
of metallic chromium. The XRD pattern (Figure 3.6(b)) showed that all peaks are from 
a-Al20 3 and Cr on this specimen. Although 1 1 0  peaks from Cr20 3 were present, an increase in 
the background intensity at the position of Cr20 3 phase can be seen. Thus a small amount of 
Cr2 0 3 may have been formed. Figure 3.9 shows the microstructure of SCI2. Some porosity or 
defects are visible, but they are obviously less than in SCI1. The microstructure is quite 
homogeneous so that there is no apparent difference between the edge and the centre of the 
sample. Also, it can be seen that no obvious reaction layer exists at the interface of A120 3 and 
Cr. Figure 3.10 is a SEM photomicrograph and corresponding WDX analysis. The changes in 
the Al and Cr elemental distributions at the interface between Cr and A12 0 3 are sharp. 
Although a slightly higher oxygen content was found on the chromium particle surface, no 
local oxygen concentration at the interface of Cr/Al20 3 was found. Combined with the colour 
change through the cross section, the slightly higher oxygen content on the Cr particle surface 
may result from the oxygen dissolved in the starting powder and /or Cr particles at the surface 
being oxidised slightly. In this case, the flow of argon during the sintering results in the 
oxygen partial pressure being low enough that significant oxidation of the metal is prevented 
and sintering is promoted.
Attempts to investigate the interfacial behaviour of SCI1 and SCI2 by TEM were 
unsuccessful. Only the A120 3 phase remained in the thin areas and the Cr particles were 
dislodged due to the difference in the ion milling rate of Cr and A120 3. This may imply that 
the Al20 3/Cr interface is weak in both cases.
A graphite powder bed was also adopted in order to produce a reducing environment. As 
shown in Table 3.3, higher densities were obtained for the specimens SCI3-SCI7 which were 
buried in graphite powder during the sintering. Among the sintered specimens, the highest 
density, about 98.9 % TD, was achieved in specimen SCI4 which was sintered in a graphite 
powder bed at 1500 °C for 1 hour. The XRD results (Figure 3.6(c)) showed that Cr and A12 0 3 
are the dominant phases in this specimen and also peaks from (Al, Cr)20 3 can be seen. 
Further, a peak from chromium carbide was identified. This may result from the graphite 
powder bed used during the sintering. In the case of SCI4 the oxygen partial pressure is about 
10'15-10 ' 16 atm (SGTE Substance Data File, 1987) and the equilibrium oxygen partial pressure
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for the coexistence of Cr and Cr2 0 3 at 1500°C is about 10' 14 atm (Ownby, 1975). It is assumed 
that the graphite powder bed inhibited oxidation and promoted densification of the Al2 0 3-Cr 
composites.
SEM observations of the pressureless sintered specimens SCI3-SCI7 showed that sintering in 
a graphite powder bed produced micro structures with more irregularly shaped Cr particles. 
Figure 3.11 is a typical SEM photomicrograph of SCI4. It can be seen that close to the edge, 
the Cr particles became irregular and were surrounded by a region of small Cr particles. 
Observing the SEM photomicrograph carefully, it was found that a halo surrounds the large 
Cr particles and the small Cr particles seem to precipitate within it. By extending the sintering 
time and increasing the sintering temperature, it was anticipated that the Cr particles would 
become more irregular. Therefore, samples SCI5 and SCI6  were buried in a graphite powder 
bed and sintered at 1500 °C for 10 hours and at 1600 °C for 1 hour, respectively. In SCI5 
(Figure 3.12), Cr particles at the edge were very similar to those in SCI4, but several big Cr 
particles at the edge have completely disintegrated into small particles; close to the centre, 
some big Cr particles surrounded by a thin layer of smaller Cr particles can be seen. 
Increasing the temperature did not further densify the sample. On the contrary, the Cr particles 
tended to become dislodged from the A12 0 3 matrix when the sintering temperature increased 
to 1600 °C (Figure 3.13) resulting in a lower density. The micro structure shows the same 
features as SCI4.
Figure 3.14 is a SEM photomicrograph of a large Cr particle surrounded by smaller particles 
close to the edge of SCI4 and the corresponding X-ray maps of O, Al, Cr and C elemental 
distributions by WDX. It shows that the small particles around the large Cr particles are a Cr 
rich phase. No alumium has dissolved into chromium, but a certain amount of chromium has 
diffused into the alumina matrix. A higher concentration of carbon was associated with the 
chromium than with the alumina matrix. Although the sample surface was coated with carbon 
before WDX analysis, the carbon distribution may be used to identify any local variation of 
carbon concentration assumed that the carbon coating is even on the sample surface.
A TEM thin foil was successfully made from SCI4, which may indicate a stronger Cr/Al2 0 3 
interface than in SCI1 and SCI2. Figure 3.15 is a series of TEM images of SCI4 showing 
different areas close to a big Cr particle. Dislocations can be seen in the big Cr particle, but
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are not extensive (Figure 3.16). Small Cr particles around the big Cr particle as shown by 
SEM can be observed (indicated by arrows in Figure 3.15). Indexing of the selected area 
electron diffraction patterns from the small particles confirmed that they are metallic Cr. It 
was also found that the alumina grain size varied as shown in Figure 3.15. The A120 3 grains 
are much bigger close to the big Cr particle (Figure 3.15(b)) than they are elsewhere (Figure 
3.15 (c) and (d)). TEM-EDX analysis results at the big Cr particle and three different areas 
close to it are shown in Figure 3.17. It is interesting to note that the equiaxed grain next to the 
big Cr particle contained both Al and Cr (Figure 3.17(b)). The fraction of Cr decreases on 
moving away from the big Cr particle (Figure 3.17(c)). After a certain distance, the equiaxed 
grains are almost pure alumina (Fig 3.17(d)). Thus, the phase gradually changes from 
(Al, Cr)2 0 3 to A120 3 with distance from the big Cr particle. Figure 3.18 is a higher 
magnification image of an area containing two big Cr particles. It shows clearly the 
coalescence of Cr particles during sintering. Between the two big Cr particles is a layer which 
is about 120 mil thick. EDX analysis showed a higher carbon content in this area than inside 
the big Cr particles and A12 0 3 grains.
It was anticipated that a more desirable microstructure i.e. irregularly shaped Cr particles 
could be formed using a fine Cr powder, but no irregularly shaped Cr particles were achieved 
after sintering in a graphite powder bed (Figure 3.19 and Figure 3.20). A higher density 
sintered body from powder blend IV could be obtained by conventional pressureless sintering 
method (SFIV1). The predominant phases are A120 3 and Cr with a small amount of Cr2 0 3. 
SEM observation showed that some holes and process cracks were found in these specimens 
because of the uniaxial pressing process. This cannot be avoided for sintered specimens. Apart 
from the outer layer which is about 2 0 0  pm thick, specimens are quite homogeneous in 
microstructure. Although the Cr particle sizes in SFIII1 and SFIV1 are smaller than those 
obtained from powder blend I due to the fine Cr powder used, it shows a bimodal distribution. 
Large Cr particles of more than 30 pm coexist with small Cr particles which are less than 
10 pm. This probably results from the inefficient ball milling and coalescence during 
sintering. Compared to specimen SCI4, the Cr particles are more regular and spherical.
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3.4.3 The Influence of Oxygen Partial Pressure on the Microstructural Development of 
the Pressureless Sintered Al20 3-Cr Composites
The effect of oxygen partial pressure on the microstructural development of the pressureless 
sintered Al20 3-Cr composites has been seen clearly in section 3.4.2. Dming sintering in air, a 
layer of oxidation product formed at the interface between A12 0 3 and Cr. A microstructure 
with a low density and high porosity resulted. Thus, air is not a suitable sintering environment 
in terms of a fully dense material. A relatively denser Al20 3-Cr composite was obtained by 
sintering in an argon atmosphere. The Al2 0 3/Cr interface was sharp without any obvious 
reaction layer. The highest density was achieved in sample SCI4 by sintering in a graphite 
powder bed. A microstructure with irregularly shaped Cr was obtained. Consequently, it is 
necessary to understand the influence of oxygen partial pressure on the microstructural 
development.
It is known that the Al2 0 3-Cr system forms a (Al,Cr)2 0 3 solid solution in mildly oxidizing 
atmospheres (Blackburn, 1949). Both oxides have the same crystal structure and are 
completely soluble into each other (Figure 3.21), which may encourage strong bonding 
between the metal and oxide phases under proper control of the sintering environment. 
Oxidation took place around Cr particles close to the edge of SCI1 during sintering in air as 
shown in Figure 3.5. The high porosity found at the interface of Cr and Cr2 0 3 may be induced 
by the residual stress due to thermal mismatch. The difference in the coefficient of thermal 
expansion (CTE) between Cr and Cr2 0 3 is much larger than that between Cr and A120 3 and 
the difference increases with increasing temperature (Figure 3.22). If the strain caused by 
thermal mismatch can not be accommodated, it may lead to high porosity at the interface. The 
disappearance of some Cr particles close to the edge of SCI1 may result from the high vapour 
pressure of chromium. Following the thermochemical calculations of Gulbransen & Jansson 
(1971), at 1400 K the vapour pressure of Cr (g) is about four orders of magnitude larger than 
that of CrO(g), which has the highest vapour pressure of different chromium oxide species 
under these conditions. Cr particles being pulled-out during sample preparation may be 
another reason for their absence. This would imply the weak interfacial character.
An improvement in the densification behaviour of the pressureless sintered Al20 3-Cr 
composites was shown by sintering either in an argon atmosphere or in a graphite powder bed.
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Similar to the sintering behaviour of Cr20 3, Al20 3-Cr composites could be sintered to nearly 
full density under an oxygen partial pressure less than that associated with the Cr/Cr2 0 3 
equilibrium (Ownby & Lahmann, 1975). The equilibrium reaction for the formation of Cr2 0 3 
is given in terms of one mole of chromium oxide for convenience as shown in Equation 3.5:
2Cr(s) +3/20 2 (g)-> Cr20 3 (s) (3.5)
Assuming unit activity for the solid phases, the standard Gibbs free energy AGf of this 
reaction is given in terms of the oxygen partial pressure as given in Equation 3.6
AGf = - R T l n ~ T  (3.6)
°2
Rearranging Equation 3.6, Equation 3.7 is obtained
PQi = exp(2AGy / 3RT) (3.7)
The data for AGr as a function of temperature can be found from a database (Barin, 1989). 
Thus, the variation of oxygen partial pressure as a function of temperature can be obtained and 
is shown in Figure 3.23. For example, at 1500°C, the equilibrium oxygen partial pressure is 
1 O' 13'5 atm below which a high density for Al20 3-Cr composite should be obtained.
The sintering atmosphere in a graphite powder bed is carbon monoxide which is generated by 
reaction:
C(s) + XA  0 2 (g) = CO (g) (3.8)
According to similar calculations, the oxygen partial pressure as a function of temperature for 
reaction (3.8) is also shown in Figure 3.23. It can be seen that the equilibrium oxygen partial 
pressure is 10" 1 5 8  atm at 1500°C in a graphite powder bed. In pure argon, the oxygen partial 
pressure is about 3x1 O' 6 atm which is also shown in Figure 3.23. It can be seen that the
Chapter 3 Processing and Microstructural Characterisations o f  the AhOr Cr Micro-Composites_____________
53
oxygen partial pressure in the graphite powder bed is lower than that for the coexistence of 
Cr/Cr20 3 at temperature above 1200°C, whereas for argon it is higher throughout the whole 
sintering temperature range.
The microstructural observations and WDX analysis for SCI2 did not show that an oxidation 
product has formed at the interface of A12 0 3 and Cr. Although WDX analysis showed a 
slightly higher concentration of oxygen associated with the Cr particle, no Cr2 0 3 peaks were 
found by XRD and only a background increase was identified at the position corresponding to 
Cr20 3. As the Ar gas flowed through the tube furnace for a certain time before sintering and 
kept flowing for the whole sintering procedure, the oxygen partial pressure is assumed to be 
constant during the whole sintering process. Thus, excessive oxidation of chromium was 
eliminated and A12 0 3 equilibrates with Cr. If the oxygen partial pressure in the graphite 
powder is lower than that in the argon atmosphere throughout the whole sintering temperature 
range as shown in Figure 3.24, it would be predicted that Cr would not be oxidized during 
sintering in a graphite powder bed. However, both XRD and TEM-EDX results showed the 
existence of a (Al, Cr)20 3 solid solution in SCI4 which conflicts with the prediction.
Figure 3.24 shows bright and dark field reflected light microscope images close to the edge of 
SCI4. Compared with the bright and dark field images from SCI2 (Figure 3.25), it is clear 
from the colour change that the oxidation has occurred around the Cr particles in SCI4 to a 
certain distance. Thus, the oxygen partial pressure in the graphite powder bed must be higher 
than expected during some stages of the sintering. Further, it is proposed that at a certain 
temperature and time during sintering, the oxygen partial pressure decreased to be lower than 
for the coexistence of Cr20 3 and Cr and the solid solution was reduced which resulted in the 
microstructure with irregularly shaped Cr particles. There are three possible oxygen sources: 
(1) oxygen dissolved in the starting powder; (2) oxygen coming from the reduction of A120 3 
to metallic Al; and (3) the sintering environment.
Oxygen source (2) was proposed from the work of Lu et al. (1997). They studied the 
interfacial behaviour of Al20 3/Cr after annealing at different temperatures. It is assumed that 
the annealing environment was air although this was not stated. The XPS spectrum showed 
that the Al° 2 p peak developed on the low binding energy side of the Al3+ 2 p peak after 
annealing at 700 °C and the depth of metallic Al, as determined by Auger electron depth
Chapter 3 Processing and Microstructural Characterisations o f  the AUO ,-Cr Micro-Composites_____________
54
profiling, was less than 10 nm. Maca & Cihlaf’s (1997) study on the interfacial reaction of 
Cr/Al2 0 3 couples showed that the reaction (Equation 2.10), as suggested by Lu et al. (1997), 
occurred and the concentration of metallic Al in the Cr side was lx l 0"3 wt% after bonding in 
argon at 1900°C (above melting point of Cr). Thus, it is reasonable to assume that if  this 
reaction happens, it is very local, especially when Cr is in the solid state. In order to identify 
the possibility of the formation of metallic Al in SCI4, XPS (X-ray photoelectron 
spectroscopy) was conducted on the surface of this sample. Figure 3.26 is the Al 2p peak from 
SCI4. After calibration of the binding energy from the carbon peak, the line appeared at 
74.6 eV for Al3+ 2 p which is in good agreement with the theoretical bonding energy of the 
A12 0 3 2p at 74.7 eV. No significant peak appears on the low energy side of the Al3+ 2p peak 
and XPS did not detect any peak from metallic Al. Furthermore, reaction (2.10), i.e.
2 Cr+Al2 0 3 - - > 2  (Cr-0-Al)+[0] —>  Ci*2 0 3 +2A1 
is not thermodynamically favorable. Thus oxygen is unlikely entire from source (2).
In order to distinguish between the other possible oxygen sources, another specimen (SCI8 ) 
was buried in a graphite powder bed and then sintered at 1500°C for 1 hour under flowing Ar. 
Figure 3.27 is the SEM microstmcture of SCI8  close to the edge and at the centre of the 
specimen. It shows the same microstructural character as SCI2. There is no irregularly shaped 
Cr formed around the big Cr particles throughout the whole cross section. Bright and dark 
field reflected light images (Figure 3.28) also show the same features as SCI2. No interfacial 
reaction layer was visible. If the oxygen dissolved in the starting powder alone was 
responsible for the (Al, Cr)20 3 formation, whether it is sintered in Ar or not, the 
microstructure of SCI8  should be the same as SCI4. Apparently, this is not the case. Although 
there is evidence that a small amount of Cr20 3 formed at the surface of the Cr powder as 
shown in Figure 3.2, the oxygen from the starting powder alone could not be responsible for 
the microstmcture of SCI4.
Thus, the sintering environment is the most likely oxygen source. For the samples sintered in 
the graphite powder bed, it is reasonable to assume that the oxygen partial pressure is equal to 
that in air at the very beginning of the process. With increasing temperature, graphite forms 
CO (g). The oxygen partial pressure inside the crucible is gradually reduced from 0.21 atm to
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ICT15' 8 atm at 1500°C under equilibrium conditions. Thus, during the initial sintering stage, the 
oxygen pressure is high enough to oxide the Cr particles and form (Al, Cr)2 0 3 solid solution. 
The solid solution may be reduced when the oxygen partial pressure decreases to lower than 
the Cr/Cr2 0 3 equilibrium level.
In order to further elucidate the reducing role of the graphite powder bed, another two 
specimens were sintered. An Al2O3-10vol%Cr2O3 material was fabricated by a powder 
metallurgy method. After mixing A120 3 AKP-30 and Cr20 3 powders, the powder blend was 
uni axially pressed to disc shape under 30 MPa, and then sintered at 1500 °C for 1 hour. One 
sample was buried in a graphite powder bed during sintering (refer to Al20 3-Cr20 3-1) and 
another one was sintered in an argon atmosphere (refer to Al20 3-Cr2 0 3-2).
The microstructure of Al20 3-Cr20 3-1 was composed of A12 0 3 and metal Cr particles near the 
surface and A120 3 and Cr20 3 in the interior. The depth of the reduction front depends on the 
sintering temperature, oxygen partial pressure, time. It is shown that the reduction front is 
about 400 pm from the edge of the sample after sintering at 1500 °C for 1 hour (Figure 3.29). 
Close to the edge (Figure 3.30(a)), metallic Cr can be seen clearly. At the centre of the 
specimen Cr20 3 seems to be unreduced since there is no apparent contrast change as viewed in 
the SEM (Figure 3.30(b)). Handwerker et a l (1995) studied the partial reduction behaviour of 
Al2 0 3~Cr2 0 3 composites and found that although SEM showed that Cr was not reduced at the 
centre of the sample, Cr particles in veiy small size was revealed by TEM. This may mean 
that Cr particles nucleated but had insufficient time to grow under the reducing condition. For 
the Al2 0 3-Cr20 3-2 material, which was sintered in Ar, the microstructural observation did not 
show any signs of metallic Cr at the edge or in the inter part of the specimen (Figure 3.31). 
Thus, the graphite powder bed can develop a reducing atmosphere in which Cr2 0 3 was found 
to be thermodynamically unstable and decomposed to fonn metallic Cr.
To conclude, for specimen SCI4 which was sintered in a graphite powder bed, the oxygen 
partial pressure was close to that in air at the early stage which was sufficient to oxidise the Cr 
particles and fonned (Al, Cr)20 3. When the oxygen partial pressure dropped gradually to the 
C/CO equilibrium value, the (Al, Cr)20 3 solid solution became unstable under this condition 
and was reduced to metallic Cr again. Thus, a microstructure with irregularly shaped Cr 
particles resulted from sintering in graphite powder bed.
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3.5 Microstructural Development of the Hot Pressed AfjOj-Cr^Ni^. (x=0-l) Composites
3.5.1 The Microstructural Development of the Hot Pressed AI20 3-Cr Composites
Table 3.4 shows the hot pressing schedules and densities of the Al20 3-Cr composites. A 
monolithic alumina was hot pressed at 1400 °C for 30 minutes for comparison. Hot pressed 
specimens are denser than sintered specimens. It is possible to produce specimens with high 
density by hot pressing. The densities of the most of the hot pressed A l,03-Cr composites are 
above 98% as seen in Table 3.4.
A typical microstructure of the hot-pressed Al20 3-Cr composites made from powder blend III 
(labelled as HFIII2) is shown in Figure 3.32. Cr particles are evenly distributed in the matrix 
and are slightly elongated in the direction perpendicular to the pressing direction and this 
phenomenon is more obvious with increasing hot pressing temperature. The average Cr 
particle size was not decreased significantly compared to the sintered samples which used the 
same fine Cr powder. Large Cr particles can still be found which may originate from 
inefficient ball milling and coalescence during hot pressing.
Figure 3.33 is a SEM photomicrograph of specimen HFIV1 that was fabricated from powder 
blend IV and hot-pressed at 1400 °C for 30minutes. A nearly theoretical density material is 
obtained. The distribution of Cr particles is more homogeneous and the particle size is 
obviously decreased when compared with the pressureless sintered specimens and hot-pressed 
HFIII series samples although it still shows a bimodal distribution. Large Cr particles in the 
size of about 30 pm and small sub-micrometre Cr particles coexist. Clearly, ball milling in 
ethanol promoted a more even distribution of the Cr particles. The grain size of HFIV1, 
determined from TEM images of over 200 alumina grains, is about 1.9 pm, which is slightly 
smaller than that of the monolithic alumina (2 . 6  pm) fabricated under identical conditions. 
The raw alumina powder, however, is in the size of 0.3-0,5 pm. Thus, alumina grains grew 
during hot pressing and adding micro-sized Cr inclusions did not inhibit alumina grain growth 
significantly. XRD profiles showed that a-Al2 0 3 and Cr were the main phases in both HFIII2 
and HFIV1. A peak from chromium carbide was also identified which may result from the 
graphite die used during hot pressing. Due to the relatively low sintering temperature and
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short fabrication time, it is assumed that carbon would not diffuse into the specimen to any 
depth.
Figure 3.34 is a TEM micrograph of a typical microstructure of HFIV1. It can be seen that the 
alumina matrix is quite dense which is consistent with the density measurement by 
Archimedes’s principle. Most of the Cr particles are located at grain boundaries and triple 
junctions. Figure 3.35 shows a submicrometre-sized Cr particle trapped inside an alumina 
grain. Dislocations associated with the Cr particle are seen clearly. These may be caused by 
the thermal mismatch. Figure 3.36 is a TEM image of an A l,03/Cr interface. There is no sign 
of significant amounts of interfacial layers or precipitates. Unlike the formation of a film at 
the Al2 0 3/Cr and Cr/Cr interface in SCI4, the clean interface in HFIV1 may be due to the 
pressure used during hot pressing and the smaller amount of carbon in the Cr starting powder. 
A decrease in the amount of carbon would benefit the ductility of chromium as will be shown 
later in the mechanical properties section (Section 6.2).
3.5.2 The Microstructural Development of the Hot Pressed Al20 3-Cr80Ni20 and A120 3- 
Cr20Ni80 Composites
In the later stages of this study, two alloy powders, i.e., Cr80Ni20 and Cr20Ni80, were used to 
produce the Al20 3-Cr/Ni composites. The hot pressing schedules and densities are listed in 
Table 3.5.
The melting points of Cr80Ni20 and Cr20Ni80 powder are 1680 °C and 1400 °C, 
respectively. They are higher than or just about the same as the temperatures used for hot 
pressing the Al2 0 3-Cr composites, i.e. 1350 °C-1450 °C. Considering liquid phase sintering 
may be involved in this temperature range, Al20 3-Cr20Ni80 composites were hot pressed at 
three different temperatures, i.e. 1350 °C, 1400 °C and 1450 °C, which were below, equal to 
and above the melting point of the Cr20Ni80 alloy, respectively, whereas the Al20 3-Cr80Ni20 
composite was hot pressed at 1400°C. The densities of these composites showed much lower 
values than theoretical densities when it was assumed that the metal fraction was 2 0  vol%, 
which was not in accordance with the microstructural observations. Correcting for the 
percentage of second phase as determined by SEM quantitative analysis, higher densities 
resulted. It was found that after hot pressing the Al2 0 3-Cr/Ni composites, the specimens were
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firmly stuck to the graphite die. Thus, it is supposed that some Cr/Ni was squeezed into 
surface layer and resulted in some loss of the Cr/Ni alloy phase. The quantitative SEM 
analysis on both the Al20 3-Cr80Ni20 and the Al20 3-Cr20Ni80 composites showed the area 
fraction of the second phase to be 15.3 % and 13 %, respectively, which is much lower than 
20 vol%. Close to the edge of the sample, the second phase content was even lower. For 
example, the fractions of second phase at the edge and the centre of the AI20 3-Cr20Ni80-2 
composite were 11.3 % and 14.8 %, respectively. After correcting the volume fraction using 
these values, the densities of these composites were found to be above 99% TD.
XRD profiles showed that A120 3 and Cr/Ni alloys are the dominate phases in all the 
Al2 0 3-Cr/Ni composites and also a small amount of (Cr, Ni)C existed probably due to the 
graphite die used during hot pressing. A very small amount of nickel chromium oxide was 
found in the hot pressed Al20 3-Cr80Ni20 composite.
Figure 3.37 shows a typical microstracture of the Al20 3-Cr80Ni20 composite. The Cr80Ni20 
particles are slightly elongated in the direction perpendicular to the pressing direction. The 
particle size is very similar to that in the starting powder. The microstructure is homogeneous 
and there is no obvious difference between the edge and the centre. Figure 3.38 is a typical 
TEM micrograph of the composite. Inside Cr/Ni particles, needle shaped particles were 
precipitated. Referring to the Ni-Cr binary phase diagram (Figure 3.39), line PP 5 follows the 
composition of Cr80Ni20 during cooling from the processing temperature of 1400 °C. Upon 
crossing the solvus line, the solubility of Ni in (Cr) is exceeded and (Ni) starts to nucleate and 
grow, which results in the formation of small (Ni) particles. With continued cooling, these 
particles grow in size along preferred directions. Therefore the needle shaped particles inside 
Cr80Ni20 particles are (Ni) particles precipitated from (Cr). It was also found that some 
alumina grains were trapped inside the Cr/Ni grains (Figure 3.40). This may be from the 
powder processing. However, the interface of the alumina/metal phase is not strong and 
cracks are often seen along the Al2 0 3/Cr(Ni) interfaces.
Figure 3.41 shows the microstructural development of the Al20 3-Cr20Ni80 composites hot 
pressed at different temperatures. Generally, the particle size in all of the Al20 3-Cr20Ni80 
composites is smaller than that of Al20 3~Cr80Ni20 composites due to the fine starting powder 
being used. As mentioned before, the hot pressing temperature is lower (1350 °C), equal
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(1400 °C) and higher (1450 °C) than the melting point of Cr20Ni80 alloy (1400 °C). 
Although the morphologies of the Cr20Ni80 particles did not show any significant difference, 
the density of the composites increases with increasing hot pressing temperature and time. At 
1350 °C, the specimen could not be sintered to full density and only 93 %TD was achieved by 
hot pressing. High porosity appeared at the interfaces between A120 3 and Cr20Ni80 (Figure 
3.41(a)). Increasing the hot pressing temperature to the melting point of Cr20Ni80 alloy 
improved the densification behaviour of the composites significantly (Figure 3.41(b) and (c)). 
Porosity and cracks were not apparent in the SEM images and the interfaces looked to be well 
bonded. However, cracks were still visible at the interfaces on the 1400°C hot pressed sample 
when observed by TEM, which implies that the interfaces are weak.
Cr is normally used as an alloying element to improve wettability of metals, such as Ni and 
Cu, on oxide ceramics (see Section 2.2.4). The improved interfacial bonding between Ni(Cr) 
and A12 0 3 under properly controlled bonding conditions was evident (Kritsalis et al., 1990). It 
has shown that oxygen is necessary to ensure good bonding of A120 3 and Ni(Cr) (Pierce and 
Vaughan, 1983). Insufficient or excessive oxygen, however, leads to poor adhesion (Crispin et 
al., 1976). In this case, the low oxygen partial pressure during hot pressing may be 
responsible for the poor bonding at the interfaces. Also the much higher CTE (coefficient of 
thermal expansion) of the Ni/Cr alloy (see Table 3.1) than that of alumina (8 .9 x l 0 ' 6 °C‘i) 
introduces higher stress at the interfaces which may promote the interfacial cracking.
3.6 Summary
The first part of this chapter has described the powder preparation and fabrication of the 
Al20 3-Cr and the Al20 3-Cr/Ni composites. The experimental techniques for microstructural 
characterisation employed in the study of the Al20 3-Cr and the Al20 3-Cr/Ni composites have 
also been outlined.
In the second part the microstructural development of the pressureless sintered and the hot 
pressed Al2 0 3-Cr and Al2 0 3-Ni/Cr composites were addressed. It was found that the sintering 
environment is crucial in determining the microstructural characteristics of the pressureless 
sintered Al20 3-Cr composites. Air is not a suitable sintering environment in terms of 
producing a dense material. A microstructure with high porosity was obtained and a
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continuous reaction layer was formed at the interface of A12 0 3 and Cr, which may be 
detrimental to the mechanical properties. Continuous flowing Ar during sintering inhibited 
excessive oxidation of Cr and a smooth Cr/Al20 3 interface was produced without an obvious 
interfacial oxidation layer. A microstmcture with irregularly shaped Cr particles was obtained 
by sintering in a graphite powder bed. It was shown that in a graphite powder bed, the oxygen 
partial pressure in the sintering environment could be as high as 0 . 2 1  atm at the beginning and 
Cr was oxidised and formed (Al, Cr)20 3 solid solution. As the oxygen partial pressure 
dropped gradually by consumption of carbon to form a reducing environment of CO, it 
reached the value for the coexistence of Cr/Cr,03 equilibrium value at a certain temperature. 
Further decrease of the oxygen partial pressure destabilised the (Al, Cr)2 0 3 solid solution and 
reduced it to alumina and chromium. Therefore, a microstmcture with irregularly shaped Cr 
particles resulted from sintering in graphite powder bed.
The Al2 0 3-Cr and Al2 0 3 -Cr/Ni composites with higher densities can be produced by hot 
pressing. TEM studies did not show an interfacial layer between A120 3 and Cr. The density of 
Al20 3-Cr20Ni80 composites increased with increasing hot pressing temperature, which may 
be due to the formation of a liquid phase at higher temperatures. The much higher CTE of 
Cr80Ni20 and Cr20Ni80 than that of A120 3, however, may introduce high stress at interface, 
which may result in weak interfaces. And the insufficient oxygen during hot pressing may 
also responsible for the high density of cracks at the interfaces of Al20 3/Ni-Cr.
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Table 3.1 Physical and mechanical properties of starting powders used in this study
Materials Particle
size
(pm)
Purity
(%)
Ciystal
structure
Density
(Mg/m3)
Melting
point
(°C)
Coefficient of 
thermal 
expansion 
(20-100°C) 
(xlO*6)
Young’s
modulus
(GPa)
Cr (C) 45-200 99.0 b. c. c* 7.19 1857 6.5 248*
Cr (F) <5 99.0 b. c. c. 7.19 1857 6.5
Cr80Ni20 <75 b. c. c. 7.5 1680 17.3*
Cr20Ni80 <75 1 . c. c. 8.4 1400 14
* b. c. c. is body centred cubic crystal stincture 
**f. c. c is face centred cubic ciystal structure
# data from ASM, 1979
Table 3.2 Typical chemical analysis for the Cr powders (in ppm)
Powder Al Cu Fe Si C S
Cr (C) 1600 30 2500 500 2 0 0 80
Cr (F) 2 0 0 0 4000 1 0 0 0 < 2 0 0 2 0 0
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Table 3.3 Pressureless sintering schedules and sample densities
Specimen Temperature
(°C)
Time
(Hours)
Sintering
environment
Density 
(Mg in'3)
Relative
density
f%)
S-A120 3 1500 1 Air 3.88 97.5
SCI1 1500 1 Air 4.15 89.6
SCI2 1500 1 Ai* 4.46 96.3
SCI3 1400 1 C bed* 4.4 95
SCI4 1500 1 C bed 4.58 98.9
SCI5 1500 1 0 C bed 4.42 95.5
SCI6 1600 1 C bed 4.44 95.9
SCI7 1650 1 C bed 4.26 92
SCI8 1500 1 Ar+C bed
SCII1 1500 1 Air 4.05 87.5
SCH2 1500 1 Ai- 4.28 92.4
SCII3 1500 1 C bed 4.16 89.8
SFIH1 1500 1 C bed 4.33 93.5
SFIV1 1500 1 C bed 4.36 94.2
* graphite powder bed
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Table 3.4 Hot pressing schedules and densities of the Al2 0 3-Cr composites
Specimen Temperature
(°c)
Time
(Mins)
Density 
(Mg m‘3)
Relative density 
(%)
H-A12 0 3 1400 30 3.92 98.2
HFIH1 1350 30 4.46 96.3
HFIII2 1400 30 4.55 98.3
HFIII3 1450 30 4.54 98.1
HFIV1 1400 30 4.59 99.1
Table 3.5 Hot pressing schedules and densities of the Al20 3-Cr/Ni composites
Specimen Temperature
(°C)
Time
(Mins)
Density 
(Mg m3)
Fraction of 
metal 
(vol%)
Theoretical 
density after 
correction 
(Mg in 3)
Relative
density
after
correction
(%)
A12 0 3-
Cr80Ni20
1400 30 4.47 15.3 4.52 98.9
A12 0 3-
Cr20Ni80-l
1350 30 4.22 4.56 92.5
A12 0 3-
Cr20Ni80-2
1400 60 4.52 13 4.56 99.1
A120 3-
Cr20Ni80-3
1450 30 4.48 4.56 98.2
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Figure 3.1. SEM photomicrographs showing the starting powders 
(a) AI2 O3 (b) coarse Cr powder (c) fine Cr powder 
(d) Cr80Ni20 powder (e) Cr20Ni80 powder
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Figure 3.2 XRD profiles from (a) coarse Cr powder and 
(b) fine Cr powder showing C r A  phase (*: peaks from Cr2 0 3 )
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Particle size (pm)
Particle size (pm)
Figure 3.3 Particle size distributions of (a) powder blend I and (b) powder blends IV
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Figure 3.4 SEM photomicrograph showing the thermally etched alumina surface
Figure 3.5 SEM photomicrograph showing the processing cracks in the sintered 
specimen which was fabricated from powder blend II
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Figure 3.6 XRD spectra of (a) S-A12 0 3, (b) SCI2, (c) SCI4 and (d) SCI1
(o: Cr, x: Cr2 0 3)
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Figure 3.7 SEM photomicrograph showing the typical microstructure o f SCI 1
(a) at the edge and (b) at the center o f the sample
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Figure 3.8 (a) SEM photomicrograph and the corresponding X-ray maps of 
(b) O, (c) Al, and (d) Cr elemental distributions in SCI1
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Figure 3.9 SEM photomicrograph showing the typical microstructure o f SCI2
(a) at the edge and (b) at the center o f the specimen
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Figure 3.10 (a) SEM photomicrograph and the corresponding X-ray maps of 
(b) O, (c) Al, and (d) Cr elemental distributions in SCI2
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Figure 3.11 SEM photomicrographs showing the typical microstructure o f SCI4
(a) at the edge o f the specimen (b) enlargement o f (a)
(c) at the centre o f the specimen (d) enlargement o f (c)
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Figure 3.12 SEM photomicrograph showing the typical microstructure o f SCI5
(a) at the edge and (b) at the centre o f the specimen
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Figure 3.13 SEM photomicrograph showing the typical microstructure of SCI6
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Figure 3.14 (a) SEM photomicrograph and corresponding X-ray maps of (b) O, (c) Al, (d) Cr
and (e) C elemental distributions in SCI4
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Figure 3.15 TEM micrographs of SCI4 showing 
(a) a big Cr particle, (b) an area next to the big Cr particle, (c) an area further away from 
the big Cr particle, and (d) an area at a distance from the big Cr particle
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300 nm
Figure 3.16 TEM micrograph showing dislocations inside a Cr particle in SCI4
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Figure 3.17 TEM-EDX results of SCI4 at 
(a) the big Cr particle, (b) an area next to the big Cr particle, (c) an area further away from the 
big Cr particle, and (d) an areas at a distance from the big Cr particle
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Figure 3.18 TEM micrograph showing the interfacial film in SCI4
Figure 3.19 SEM photomicrograph showing typical microstructure of SFIII1
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Figure 3.20 SEM photomicrograph showing typical microstructure of SFIV1
Al203 Mol %  Cr203
Figure 3.21 Phase diagram o f Al20 3-Cr20 3  (after Levin et al., 1964)
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Temperature (K)
Figure 3.22 Comparison of coefficient of thermal expansion of Cr, Cr2 0 3  and AI2 O3 at various
temperatures (after Touloukian et al., 1975)
Temperature (°C)
Figure 3.23 Oxygen partial pressure during sintering as a function of temperature
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Figure 3.24 Reflected light photographs o f SCI4 (a) bright field image and (b) dark field image
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Figure 3.25 Reflected light photographs o f SCI2 (a) bright field image and (b) dark field image
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Binding Energy /eV
Figure 3.26 Al 2p core-level spectrum from SCI5 surface
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100 pm
100 pm
Figure 3.27 SEM photomicrograph showing the typical microstructure o f SCI8
(a) at the edge and (b) at the centre o f the specimen
89
Chapter 3 Processing and Microstructural Characterisations o f  the APO ,-Cr Micro-Composites
100 pm
Figure 3.28 Reflected light photographs o f SCI9 (a) bright field image and (b) dark field image
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400 pm
Figure 3.29 Reflected light photograph showing the reaction front in the AI2O3-O 2O3 material
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Figure 3.30 SEM photomicrograph o f AI2O3-O 2O3-I sintered in a graphite powder bed
(a) at the edge and (b) at the centre o f the specimen
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F igu re  3.31 S E M  p h o to m icro g rap h  o f  A L C ^-C rfC ^ -l sin te red  in A r
(a) at the edge (b) the cen tre  o f  the specim en
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F ig u re  3 .32 S E M  p h o to m ic ro g rap h  show in g  the typ ical m ic ro stru c tu re  o f  H F III2
Figure 3.33 SEM photomicrograph showing the typical microstructure o f HFIV1
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2 p m
F igu re  3 .34  T E M  m icro g rap h  show ing  the  typ ical m icro stru c tu re  o f  H FIV1
F igu re  3.35 T E M  m icro g rap h  show ing  a subm icrom etre -sized  C r partic le  
trapped  inside  an  a lu m in a  g ra in  in H F IV 1
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F igu re  3 .36 T E M  m icro g rap h  show ing  the sharp in terface in  H F IV 1
Figure 3.37 SEM photomicrograph showing the typical microstructure
o f the Al20 3 -Cr8 0Ni2 0  composite
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F igu re  3 .38  T E M  m icro g rap h  sho w in g  the  typ ica l m icrostruc tu re  o f  A l203-C r80N i20 co m p o site
Weight Percent Chromium
F ig  3 .39  P h ase  d iag ram  fo r C r-N i (a fte r A S M  h an d b o o k , 1992)
97
Chapter 3 Processing and Microstructural Characterisations o f  the APO ,-Cr Micro-Composites
F ig u re  3 .40  T E M  m icro g rap h  show in g  A I2O 3 partic les trapped  inside a  C r/N i partic le  in the  
A l2C>3-C r80N i20 co m p o site  as ind ica ted  by  arrow s
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F igu re  3.41 SE M  p h o to m icro g rap h  show in g  the typ ica l m icrostruc tu re  o f  Al2C>3-Cr20Ni80 
co m p o site s  ho t p ressed  at (a) 1350 °C  (b) 1400 °C  and  (c) 1450 °C
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Chapter 4 
Processing and Microstructural Characterisation of 
the Ai20 3-Cr Nanocomposites
4.1 Introduction
In  th is  ch ap te r , th e  p ro c e ss in g  and  m ic ro s tru c tu ra l c h a ra c te risa tio n  o f  th e  A l20 3-C r 
n a n o c o m p o s ite s  are  rep o rted . D u e  to  th e  g rea t d iff ic u lty  o f  p ro d u c in g  n a n o c o m p o s ite s  b y  th e  
p o w d e r  m e ta llu rg y  m e th o d , a  c h em ica l m e th o d  w as ch o sen  to  fab rica te  A l20 3-C r 
n a n o c o m p o s ite s . In  th e  firs t p a r t o f  th e  ch a p te r  th e  s ta rtin g  p o w d ers , p o w d e r  b le n d  p ro c e ss in g , 
c a lc in a tio n  o f  th e  p o w d e r  m ix tu re  to  g e t an  A l20 3/C r  p o w d e r b le n d  an d  c o n so lid a tio n  b y  h o t 
p re ss in g  a re  desc rib ed . T h e  seco n d  p a rt o f  th e  ch ap te r p re se n ts  th e  c h a ra c te risa tio n  o f  th e  
A l20 3-C r n a n o c o m p o s ite s  and  sh o w s th a t th e  m ic ro s tm c tu re  o f  th e  A l20 3-C r n a n o c o m p o s ite s  
can  b e  o p tim ise d  b y  c a re fu lly  c o n tro llin g  th e  p o w d e r  p ro c e ss in g  and  c o n so lid a tio n  ro u tes .
4.2 Materials Processing
4.2.1 Introduction
W h e n  u s in g  th e  p o w d e r  m e ta llu rg y  p ro c e ss in g  m e th o d , p o w d ers  w ith  v e ry  fin e  p a r tic le  s izes  
are  p re -re q u is ite s  fo r  p ro d u c in g  n an o co m p o s ite s . A g g lo m era tio n , h o w e v e r, is a lw a y s  a  
p ro b le m  fo r fin e  p o w d ers . I t is  d iff ic u lt to  co n tro l th e  p a rtic le  s ize  an d  s ize  d is tr ib u tio n  in  th e  
fin a l p ro d u c t. In  te rm s o f  th e  m e c h a n ic a l p ro p e rtie s  o f  th e  co m p o site s , f in e  p a r tic le  s izes  and  
h o m o g e n e o u s  d is tr ib u tio n s  are  desirab le . T h e re fo re  a  ch em ica l p o w d e r  p ro c e ss in g  m e th o d  
w a s  e x p lo re d  to  p ro d u c e  A l20 3-C r n an o co m p o site s .
4.2.2 Starting Powder and Powder Blend
T h e  s ta r tin g  p o w d ers  u se d  to  fab rica te  th e  A l20 3-C r n a n o c o m p o s ite s  w e re  A 1 ,0 3 A K P -5 0  
p o w d e r  and  c h ro m iu m  (III) ao ty lace to n a te  (th e  C r p recu rso r). T h e  A120 3 p o w d e r  w as  su p p lie d
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b y  S u m ito m o  C h em ica l C o. L td ., T o k y o , Japan . T h e  p u rity  o f  th e  A120 3 p o w d e r  is 9 9 .9 9 %  
an d  th e  p a rtic le  s ize  is in  th e  ra n g e  100-300  nm . C h ro m iu m  (III) ao fy lace to n a te  
( [C H 3C 0 C H = C (C H 3) 0 ] 3C r), re fe rred  to  as C r(A C A C )3, w as su p p lied  b y  A ld ric h  C h e m ic a l 
C o m p an y , Inc . T h e  p u r ity  is  97% .
A p p ro p ria te  am o u n ts  o f  A120 3 an d  C r(A C A C )3 w ere  w eig h ed  ou t to  g iv e  5 v o l %  o f  p u re  
c h ro m iu m  in  th e  final p roduct, a ssum ing  th a t all th e  C r(A C A C )3 p recu rso r w as red u ced  to 
m e ta llic  C r. T h e  th eo re tica l den sity  o f  th e  A l20 3-5vo l%  C r n an o co m p o site  is  ca lcu la ted  to  b e  
4 .1 4  M g  i n 3. T h e  a ttem p t to  b a ll m ill th e  A120 3 and  C r(A C A C )3 m ix tu re  in  e thano l fo r 2 4  h o u rs  
w as n o t s u c c e s s M  as a  p o o r  su sp en sio n  w as p roduced , h i  o rd e r to  o v erco m e th is  p ro b lem , th e  
w e ig h ed  A120 3 and  C r(A C A C )3 p o w d ers  w ere  b a ll m illed  in  e th an o l sep a ra te ly  f irs t u sin g  
a lu m in a  cy lin d rica l m illin g  m ed ia . T he  w e ig h t o f  p o w der, m illin g  m e d ia  and  e thano l w as  ab o u t 
100 g  : 20 0  g : 500 g. A fte r  2 4  ho u rs  b a ll m illin g , th e  tw o  slurries w e re  m ix e d  and  ba ll m ille d  fo r 
an o th e r 2 4  h o u rs . T h is  gav e  a  w e ll-d isp e rsed  suspension . T h e  slu rry  w as  th e n  d ried  in  a v a c u u m  
o v en  a t 65 °C  to  av o id  o x id iza tio n  o f  th e  o rgan ic  p recurso r. T h e  d ried  p o w d e r  b len d  w as  b ro k en  
d o w n  b y  p estle  and  m ortar. A fte r p ass in g  th ro u g h  a 53 p m  sieve, th e  p o w d e r m ix tu re  w as 
ca lc in a ted  to  b u rn  ou t th e  o rgan ics. C a lc in a tio n  in  argon  w as ca rried  ou t a t d iffe ren t 
tem p era tu res , 2 0 0  °C , 350  °C  and  400  °C , to  d e te rm ina te  a  p ro p er tem p era tu re  su ch  th a t the  
o rg an ic  b u rn  o u t w as  co m p le te  and  o x id iza tio n  w as avoided . O ne p a rt o f  th e  p o w d er w as  p assed  
th ro u g h  a  53 p m  sieve  (rou te  I) after th e  calc ination . A n o th e r p a rt o f  th e  p o w d e r w as b a ll m illed  
ag a in  in  e thano l fo r 2 4  h o u rs  in  o rd er to  b reak  u p  th e  agg lom erates (rou te  II). A fte r d ry in g  in  an  
o v en  a t 65 °C  fo r 24  h o u rs , th e  p o w d e r b len d  w as p assed  th ro u g h  a  53 p m  sieve. T h ese  tw o  
p o w d e r  b len d s  w ere  th e n  co n so lid a ted  b y  h o t p ress in g  as d escribed  b e low . A n  o u tlin e  o f  th e  
w h o le  p ro ced u re  is sh o w n  in  F ig u re  4.1.
4.2.3 Hot Pressing
A b o u t 10 g  o f  th e  p o w d e r  b le n d  w a s  h o t-p re sse d  in  a 25 m m  d ia m e te r  g rap h ite  d ie  u n d e r  A r
p ro te c tio n . T h e  fac ility  u se d  fo r  h o t p re ss in g  th e  A l20 3-C r n a n o c o m p o s ite s  is th e  sam e  as fo r
h o t p re s s in g  o f  th e  A l20 3-C r m ic ro -c o m p o s ite s  w h ic h  h as  b e e n  d e sc rib e d  in  se c tio n  3 .2 .4 . A ll
sa m p le s  w e re  h e a te d  at 20  °C  m in"1. F o r  ro u te  I p o w d e r  b len d s , a  im ia x ia l p re ssu re  o f  25  M P a
w as a p p lie d  o n  re a c h in g  a  te m p e ra tu re  o f  1400 °C . B o th  te m p e ra tu re  an d  p re ssu re  w e re  h e ld
fo r 30  m in u te s . F o r  th e  p o w d e r  b le n d  fro m  ro u te  II, a  u n iax ia l p re ssu re  o f  35 M P a  w a s  ap p lied
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o n ce  th e  te m p e ra tu re  reach ed  1000 °C . D iffe re n t h o t p re ss in g  te m p e ra tu res , i.e. 1450  °C , 
1500  °C  an d  1600 °C , w e re  u se d  to  co n so lid a te  th e  A l20 3-C r n an o c o m p o s ite s . O n  re a c h in g  
th e  h o t p re ss in g  tem p era tu re , b o th  te m p e ra tu re  an d  p re ssu re  w e re  h e ld  fo r 1 h o u r. T h e  
p re ssu re  w as  th e n  re le a se d  an d  th e  sy s tem  co o le d  d o w n  to ro o m  te m p e ra tu re  fo r  th e se  tw o  
s lig h tly  d iffe re n t h o t p re ss in g  p ro ced u res . S ev e ra l p u re  A K P 5 0  A120 3 sam p le s  w e re  h o t 
p re sse d  a t d iffe re n t te m p e ra tu re s  an d  tim e s  in  o rd e r to  p ro d u ce  m o n o lith ic  m a te ria ls  w ith  th e  
sa m e  g ra in  s ize  as th e  n an o co m p o s ite s .
F o r  co m p a riso n , an  A l20 3-5 v o l% C r m ic ro -c o m p o s ite  w as fab rica ted  b y  a  p o w d e r  m e ta llu rg y  
m e th o d , u s in g  th e  sam e  p ro ced u re s  as th e  A l,O 3-2 0 v o l% C r m ic ro -c o m p o s ite s  d e sc rib e d  in  
se c tio n  3 .2 . T h e  s ta rtin g  p o w d e rs  w ere  A 1 ,0 3 (A K P -5 0 ) and  fin e  C r p o w d e r  (F). T h e  p o w d e r  
b le n d  w a s  m ix e d  in  e th an o l fo r  24  h o u rs . A fte r  d ry in g , it w as  p a sse d  th ro u g h  a  53 p m  s iev e  
and  h o t  p re sse d  a t 1400 °C  fo r  30  m in u te s  u n d e r  30  M P a  p ressu re . D e ta ils  o f  th e  sc h e d u le s  are  
g iv e n  in  T a b le  4 .1 .
4.2.4 Identification of the Monolithic A120 3 and the Al20 3-Cr Nanocomposites
A ll th e  h o t p re sse d  m o n o lith ic  A120 3 (A K P -5 0 ) sp ec im en s are la b e lle d  b y  a th re e -c h a ra c te r  
co d e  (as sh o w n  in  T a b le  4 .1 ). F ro m  th e  left, th e  firs t ch a rac te r (H ) s tan d s  fo r h o t p re ss in g . T h e  
se c o n d  o n e  (A ) re fe rs  to  a lu m in a . T h e  th ird  o n e  is th e  n u m b e r g iv e n  to  d is tin g u ish  th e  
d iffe re n t sp e c im e n s  fab rica ted  fro m  th e  sam e  p o w d er.
A l20 3-5 v o l% C r n a n o c o m p o s ite s  are  a lso  lab e lled  b y  a th ree -ch arac te r  c o d e  (as sh o w n  in  T ab le  
4 .1 ). F ro m  th e  left, th e  firs t c h a ra c te r  (C ) re fe rs  to  ch em ica l m e th o d . T h e  seco n d  o n e  (H ) 
s tan d s  fo r  h o t p re ss in g , an d  th e  la s t n u m b e r  is g iv en  to  d is tin g u ish  th e  d iffe re n t sp e c im e n s  
fa b ric a ted  fo n n  th e  sam e  p o w d er.
4.3 Experimental Details of Microstructural Characterisation
D iffe re n tia l sc a n n in g  ca lo rim e try  (D S C ) w as  c o n d u c ted  u s in g  a S ta n to n  R e d c ro f t (S T A -7 8 0  
se rie s) th e rm a l an a ly se r  in s tru m en t. A b o u t 30  m g  o f  th e  A l20 3-C r(A C A C )3 p o w d e r  b le n d  w as 
su b je c te d  to  a  h e a tin g  cy c le  in  an  a tm o sp h e re  o f  a ir  o r a rg o n  w ith  a ram p  ra te  o f  10 °C  m in
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T G A  (th e rm a l g rav im e tric  an a ly s is ) a n d  D S C  cu rv es o v e r th e  te m p e ra tu re  ra n g e  fro m  25 °C  
to  800  °C  w e re  re c o rd e d  b y  co m p u te r.
T h e  te c h n iq u e s  u se d  fo r  d e n s ity  m e a su re m e n t, p h a se  id e n tif ic a tio n  (X R D ) and  m ic ro s tru c tu ra l 
o b se rv a tio n  (S E M , T E M ) are  as d e sc rib e d  in  se c tio n  3 .3 .3 . P o w d e r  sam p les  fo r  T E M  
o b se rv a tio n s  w e re  p re p a re d  b y  d isp e rs in g  a sm a ll a m o u n t o f  p o w d e rs  in  e th an o l an d  th en  
p la c in g  a  d ro p le t o f  s u sp e n s io n  o n  a  co p p e r g rid  co v e red  w ith  ca rb o n  film . A fte r  d ry in g  in  an  
o v en  a t 7 0 °C  fo r 24  h o u rs , th e  sam p le s  w e re  re a d y  to  b e  o b se rv ed  b y  T E M .
T h e  g ra in  s izes  o f  th e  m o n o lith ic  A120 3 an d  A l20 3-C r n an o c o m p o s ite s  w e re  m e a su re d  fro m  
th e rm a lly  e tch ed  su rfaces. T h e  th e rm a l e tch in g  o f  th e  h o t p re sse d  m o n o lith ic  A120 3 an d  th e  
A l20 3-C r n a n o c o m p o s ite s  w as  co n d u c te d  at 1350°C  fo r 30  m in u te s  in  a ir  an d  in  a rg o n , 
re sp e c tiv e ly . T h e  e tch ed  sam p les  w e re  th e n  im m ed ia te ly  ex am in ed  b y  S E M . T h e  g ra in  size  
w as  m e a su re d  b y  lin e a r in te rc e p t m e th o d  (W u rs t &  N e lso n , 1972), as g iv e n  b y  E q u a tio n  3.2 . 
T h e  C r p a r tic le  s ize  an d  d is tr ib u tio n  w ere  o b ta in ed  fro m  T E M  o b se rv a tio n  o f  o v e r 
300  p a rtic le s .
4.4 Results of the Characterisation of the Powder Blends
4.4.1 DSC Results
In  o rd e r to  d e te rm in e  th e  ca lc in a tio n  tem p era tu re , D S C  w as  c o n d u c te d  o n  th e  A 1 ,0 3- 
C r(A C A C )3 p o w d e r  b le n d  in  an  a ir o r a rg o n  a tm o sp h ere . B o th  T G A  an d  D S C  re su lts  w e re  
re c o rd e d  as sh o w n  in  F ig u re  4 .2 . In  th e  case  w h e re  th e  p o w d e r b le n d  w a s  h e a t trea ted  in  a ir 
(F ig u re  4 .2 (a )) , th e re  a re  tw o  d is tin c t p eak s  o n  th e  D S C  cu rve; o n e  is an  e n d o th e rm ic  p e a k  at 
218  °C  w h ic h  c o rre sp o n d s  to  th e  m e ltin g  p o in t o f  C r(A C A C )3 an d  o n e  is an  e x o th e rm ic  p e a k  
a t 368  °C . A  s ig n if ic a n t w e ig h t lo ss o ccu rs  fro m  a ro u n d  218  °C  to  3 1 0  °C . A fte r  a  s lig h t 
w e ig h t g a in  b e tw e e n  310  °C  to  370  °C , w e ig h t lo ss  is g rad u a l an d  n o  o b v io u s  c h an g e  o ccu rs  
a fte r  55 0  °C . T h e  su d d e n  w e ig h t lo ss  a fte r th e  m e ltin g  p o in t is cau sed  b y  th e  d e c o m p o s itio n  o f  
C r(A C A C )3. T h e  s lig h t w e ig h t g a in  co rre sp o n d s  to  th e  ex o th e rm ic  p e a k  a t 368  °C . It m a y  
im p ly  th a t o x id a tio n  o ccu rred  a fte r th e  C r(A C A C )3 d eco m p o sed . A  c o m b in a tio n  o f  o x id a tio n  
an d  c o n tin u o u s  d e c o m p o s itio n  o f  th e  o rg an ic  p re c u rso r re su lts  in  th e  s lig h t w e ig h t in c re a se
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fro m  3 1 0  °C  to  370  °C . A fte r  550  °C , th e  d e c o m p o s itio n  is co m p le te  an d  th e  g ra d u a l r ise  o f  
th e  D S C  cu rv e  in d ica te s  th a t co n tin u o u s  o x id a tio n  is tak in g  p lace .
A  d iffe re n t D S C  p ro file  is o b ta in ed  w h e n  th e  A l20 3-C r(A C A C )3 p o w d e r  b le n d  w as  h e a t 
tre a te d  in  an  a rg o n  a tm o sp h e re  (F ig u re  4 .2 (b )). A n  en d o th e rm ic  p e a k  a t 2 1 7  °C  co rre sp o n d s  to  
th e  m e ltin g  p o in t o f  C r(A C A C )3 w h ic h  is a t th e  sam e  tem p era tu re  as th a t e x h ib ited  in  air. A  
seco n d  en d o th e rm a l p e a k  o ccu rs  a t ab o u t 2 9 0  °C , w h ic h  co in c id es  w ith  th e  su d d e n  w e ig h t 
loss. I t is b e lie v e d  th a t th e  o rg an ic  p re c u rso r u n d e rg o es  d e c o m p o s itio n  a t th is  tem p era tu re . 
T h e  p o w d e r  b le n d  sh o w s a  s im ila r  d e c o m p o s itio n  tem p era tu re  w h e n  h e a t trea ted  in  a ir o r  in  
a rg o n . H o w e v e r, d u e  to  th e  lo w  o x y g e n  p a rtia l p re ssu re  in  argon , n o  o b v io u s  o x id a tio n  tak es  
p la c e  a fte r  d eco m p o sitio n . T h e re  are  o n ly  tw o  sm all ex o th e rm al p e a k s  w ith  lo w  e n th a lp y  
sh o w n  a t a b o u t 425  °C  and  680  °C  d u rin g  h e a t trea tm en t in  A r. N o  o b v io u s  w e ig h t ch a n g e  
o ccu rs  a f te r  500  °C . T h e  tw o  ex o th e rm a l p eak s  a fte r 400  °C  m a y  b e  th e  re su lt o f  s lig h t 
o x id a tio n . T h u s, s ig n if ican t o x id a tio n  o f  th e  p o w d e r  b le n d  is in h ib ite d  in  a rg o n  d u e  to  th e  low  
o x y g e n  p a rtia l p re ssu re . H e a t tre a tm e n t o f  th e  s ta rtin g  p o w d e r b le n d  in  an  a rg o n  a tm o sp h e re  a t 
3 5 0  °C  m a y  b e  a  su itab le  c a lc in a tio n  p ro c e d u re  in  te rm s o f  in h ib itio n  o f  o x id a tio n  and  
re la tiv e ly  c o m p le te  d e c o m p o s itio n  o f  th e  o rg an ic  p recu rso r. T h is  c o n c lu s io n  is su p p o rte d  b y  
p re v io u s  w o rk . A  P d /S iC  ca ta ly s t w as  p rep a red  b y  im p reg n a tio n  o f  a  |3-SiC  su p p o rt w ith  
P d (II)  a c ty la c e to n a te  [P d (A C A C )2] (M e th iv ie r  et al., 1998). T h e  p re c u rso r  w a s  d e c o m p o se d  at 
4 0 0  °C  u n d e r  a rg o n , a t 30 0  °C  u n d e r  flo w in g  h y d ro g en , an d  at 350  °C  u n d e r  o x y g en . A fte r  
d e c o m p o s itio n  u n d e r  o x y g en  an  ad d itio n a l re d u c tio n  u n d e r flo w in g  h y d ro g e n  a t 300  °C  h a d  to  
b e  c a rr ie d  o u t in  o rd e r to  red u c e  th e  o x id e  p ro d u c t. I t has b e e n  fo u n d  th a t o n ly  th e  d irec t 
d e c o m p o s itio n  u n d e r  an  A r a tm o sp h e re  led  to  fo rm a tio n  o f  sm all P d  p a rtic le s .
4.4.2 XRD Results from the Powders Blends
F ig u re  4 .3  sh o w s th e  X R D  p ro file s  fro m  th ree  stag es  o f  th e  p ro cess in g . T h e  X R D  re su lt o f  th e  
d e n s if ie d  c o m p o s ite  is in c lu d ed  fo r co m p ariso n . T h e  X R D  p a tte rn  b e fo re  ca lc in a tio n  (F ig u re  
4 .3 (a )) co n ta in s  th e  ch a rac te ris tic  p eak s  o f  a - A l20 3 and  C r(A C A C )3. A t h e a t tre a tm e n t 
te m p e ra tu re s  b e lo w  350  °C  (F ig u re  4 .3 (b )), p eak s from  C r(A C A C )3 s till ap p ea r w h ic h  
in d ic a te s  th a t th e  o rg an ic  p re c u rso r h as  n o t b e e n  d eco m p o sed  co m p le te ly . A ll p e a k s  fro m  
C r(A C A C )3 d isap p ea red  a fte r  ca lc in a tio n  a t 350  °C  and  p eak s  fro m  C r p h a se  a p p ea red  (F ig u re
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4 .3 (c )). T h u s  th e  d e c o m p o s itio n  o ccu rs  a fte r  350  °C , w h ic h  is in  ag re e m e n t w ith  th e  D S C  
resu lt. T h e  p re d o m in a n t p eak s  are  fro m  a - A l20 3 an d  C r w ith  a  sm a ll a m o u n t o f  C r20 3 a f te r  
h o t p re s s in g  a t 1450  °C  fo r  60  m in u te s  (F ig u re  4.3 (d)). N o  ca rb id e  p h a se  w as  id e n tif ie d  b y  
X R D . It is  n o tic e d  th a t a ll p eak s  a re  o b v io u s ly  b ro a d  w h ic h  m ay  b e  c au sed  b y  th e  sm a ll g ra in  
s ize  an d  /o r  h ig h  re s id u a l s tre sses . U n fo rtu n a te ly , it is im p o ss ib le  to  ca lc u la te  th e  re s id u a l 
s tre ss  b y  X R D  p e a k  b ro a d e n in g  b e c a u se  o f  th e  lo w  co un ts o f  th e  c h ro m iu m  p eak s. T h e  low  
co u n ts  o f  C r p e a k s  m a y  re su lt fro m  lo w  c o n c e n tra tio n  and  /  o r th e  sm a ll p a rtic le  s ize  o f  th e  C r 
in c lu s io n s . X R D  re su lts  fro m  the  sam p les  h o t p re ssed  at d iffe ren t te m p e ra tu re s  d id  n o t sh o w  
an y  s ig n if ic a n t d iffe ren ce  fro m  each  o ther.
4.4.3 Microscopy of the Starting Powders
T h e  p o w d e r  b le n d s  b e fo re  and  a fte r  35 0  °C  ca lc in a tio n  in  A r w e re  s tu d ie d  b y  T E M  as sh o w n  
in  F ig u re s  4 .4  an d  4 .5 . In  th e  s ta rtin g  p o w d er, th e  A120 3 p a rtic le  s ize  is  ab o u t 10 0 -3 0 0  m il 
w h ic h  is c o n s is te n t w ith  th e  p a r tic le  s ize  q u o te d  b y  th e  su p p lie r. T h e  C r(A C A C )3 p a r tic le s  are  
a b so rb e d  o n  th e  A120 3 p a rtic le  su rface  as sh ap e le ss  m a tte r  b e fo re  h e a t trea tm en t. E D X  o f  th e  
C r(A C A C )3 id en tif ied  s ilic o n  (S i) and  so d iu m  (N a) as im p u rity  e lem en ts . A fte r  3 5 0  °C  
c a lc in a tio n , th e  C r(A C A C )3 w as  d eco m p o se d  to  n e a r  sp h e rica l p a r tic le s  w ith  s izes  o f  ab o u t 
20  n m  ab so rb e d  o n  th e  a lu m in a  su rface  (F ig u re  4 .5). It is c o n c lu d ed  th a t C r(A C A C )3 c an  b e  
u sed  as a  C r p re c u rso r  to  p ro d u ce  A l20 3-C r n an o -p o w b r u n d e r  a  p ro p e r  h e a t tre a tm e n t 
e n v iro n m e n t an d  tem p era tu re . T h u s, in  th e  fo llo w in g  w o rk , all p o w d e rs  fo r fa b r ic a tio n  o f  
A l20 3-C r n a n o c o m p o s ite s  w e re  c a lc in a ted  in  A r at 3 5 0  °C  fo r 1 hou r.
4.5 Microstructural Characterisation of the Al20 3-Cr Nanocomposites
4.5.1 Densification Behaviour of the AI20 3-Cr Nanocomposites
F ig u re  4 .6  illu s tra te s  th e  d e n s if ic a tio n  b e h a v io u r  o f  th e  m o n o lith ic  A120 3 and  th e  A l20 3-C r 
n a n o c o m p o s ite s  (ro u te  II) as a  fu n c tio n  o f  h o t p re ss in g  tem p era tu re . F o r  m o n o lith ic  a lu m in a , 
th e  d e n s ity  h a s  a lread y  ach iev ed  9 8 .2  %  T D  u n d e r 1400 °C /30  m in u te s  h o t p re ss in g  (H A 1 ). 
W ith  in c re a s in g  h o t p re ss in g  tem p era tu re , th e  d en s ity  in creases  s lig h tly . N e a rly  fu ll d en s ity  
w as  o b ta in e d  at 1500 °C  fo r 30  m in u te s  h o t p re ss in g  (H A 3). In  th e  case  o f  th e  A l20 3-C r
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n a n o c o m p o s ite s , th e  d e n s ity  in c reased  w ith  s in te rin g  tem p era tu re  an d  tim e , w ith  th e  h ig h e s t 
d en s ity , 98.1 %  T D , ach iev ed  b y  h o t p re ss in g  a t 1600  °C  fo r 60  m in u te s  (C H 4 ). It is a ssu m e d  
th a t th e  d e n s ity  w o u ld  b e  fu rth e r  im p ro v e d  w ith  h ig h e r  h o t p re ss in g  tem p era tu res . H o w e v e r, 
no  a ttem p ts  to  h o t p re ss  th e  n a n o c o m p o s ite s  at tem p era tu res  h ig h e r  th a n  1600 °C  w e re  
c o n d u c te d  b e c a u se  th e  C r p a rtic le s  w o u ld  g ro w  to o  q u ick ly  a t h ig h e r  te m p e ra tu res , e sp e c ia lly  
i f  l iq u id  p h a se  s in te rin g  occu rs . F u rth e r , th e  d en s ity  o f  C r20 3 (5 .21 M g  i n 3) is lo w e r th a n  th a t 
o f  m e ta l C r  (7 .1 9  M g  m  3), w h ic h  m a y  a lso  p a rtia lly  acco u n t fo r th e  re la tiv e ly  lo w  d e n s ity  o f  
th e  n a n o c o m p o s ite s . I t is  n o te d  th a t th e  A l20 3-5 v o l% C r m ic ro -c o m p o s ite  ach iev ed  9 8 .6  %  T D  
a t 1400  °C  fo r 30  m in u te s  h o t p re ss in g . T h ese  f in d in g s  in d ica ted  th a t th e  p ro c e ss in g  m e th o d  
an d  n a n o -s iz e d  C r p a rtic le s  in flu e n c e  s ig n if ican tly  th e  d en sif ica tio n  o f  th e  n a n o c o m p o s ite s .
R e d u c tio n  o f  th e  d e n s if ic a tio n  ra te  b y  th e  p re se n c e  o f  in e rt seco n d  p h a se  in c lu s io n s  is w e ll 
d o c u m e n te d  (e.g . L an g e  et al., 1988, N a k a h ira  et al., 1992, W e ise r  et al., 1988). H ig h e r  
v o lu m e  frac tio n s  o f  d isp e rsed , in e rt seco n d  p a rtic u la te  p h ases  in te rfe re  w ith  th e  s in te rin g  
m e c h a n ism . F o r  ex am p le , A l20 3-N i m ic ro -c o m p o s ite s  co u ld  n o t b e  s in te re d  to  d en se  c o m p a c ts  
w ith  o v e r  2 0  v o l %  o f  N i in c lu s io n s  (B rev a l et al., 1992). W h en  th e  se c o n d  p h a se  p a r tic le s  
b e c o m e  m u c h  sm a lle r  th an  th e  m a tr ix  g ra in  size , a  la rg e r n u m b e r o f  p a r tic le s  a re  p re se n t p e r  
g ra in  fa c e t th an  th a t in  th e  m ic ro -c o m p o s ite  w ith  sam e v o lu m e  frac tio n  o f  seco n d  p h ase . T h u s, 
e v en  lo w  v o lu m e  frac tio n s  o f  se c o n d  p h a se  h a v e  a  s ig n ifican t e ffe c t o n  th e  d e n s if ic a tio n  
b e h a v io u r  o f  n a n o c o m p o s ite s  and  h o t-p re ss in g  is n e c e ssa ry  to  ach iev e  d en se  co m p ac ts . A s 
d isc u sse d  in  th e  lite ra tu re  re v ie w  (see  sec tio n  2 .3 .3 .2), th e  p re sen ce  o f  S iC  n a n o -p a rtic le s  in  
A l20 3-S iC  n a n o c o m p o s ite s  h in d e rs  s in te rin g . S tea rn s  et al. (1 9 9 2 ) su g g e s te d  tw o  p o ss ib le  
re a so n s  fo r  th e  re d u c tio n  in  th e  d e n s if ic a tio n  ra te  in  A l20 3-S iC  n a n o c o m p o s ite s : (i) th e  
p re se n c e  o f  S iC  a lo n g  th e  g ra in  b o u n d a rie s  o f  A120 3 w h ic h  m a y  lim it th e  d iffu s io n  o f  a to m s to  
th e  p o re s , an d  (ii) a  p o ss ib le  d iff ic u lty  in  re m o v in g  m ate ria l fro m  th e  A l20 3-S iC  in te rfa c e  
w h ic h , i f  th e  p a rtic le s  w e re  o n  a  m a tr ix  g ra in  b o u n d a ry , w o u ld  th e n  in h ib it th e  d e n s if ic a tio n  
p ro cess . N a k a h ira  and  N iih a ra  (1992) a lso  fo u n d  th a t d u rin g  th e  fin a l s in te rin g  s tag e  th e  
m o b ility  o f  p o re s  w as  re d u c e d  b y  a d d in g  S iC . T h ere fo re , a  h ig h e r c o n so lid a tio n  te m p e ra tu re  
th a n  fo r  m o n o lith ic  a lu m in a  is n e c e ssa ry  in  o rd e r to  g e t fu ll d e n s ity  in  A l20 3-S iC  
n a n o c o m p o s ite s .
F o r  th e  A l20 3-m e ta l co m p o site s , ad d in g  m e ta l p a rtic le s  p ro m o te s  s in te rin g  in  so m e  cases  
m a in ly  d u e  to  m e ta ls  b e in g  in  th e ir  m o lte n  s ta te  d u rin g  s in te rin g  as th e ir  m e ltin g  p o in ts  are
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re la tiv e ly  low . T h e  d iffu s io n  ra te  in  th e  liq u id  p h a se  is m o re  ra p id  th a n  in  so lid  ph ase . 
H o w ev e r, s tu d ies  o f  th e  d e n s if ic a tio n  b e h a v io u r o f  A l20 3-m eta l n a n o c o m p o s ite s  a re  rare . 
R e fe rr in g  to  th e  A l20 3-C r n a n o c o m p o s ite s  s tu d ied  here , th e  s itu a tio n  is m o re  c o m p lica ted . C r 
is a  h ig h  m e ltin g  p o in t m e ta l (1875  °C ) and  it is m o s t lik e ly  to  b e  in  th e  so lid  s ta te  in  th e  h o t 
p re ss in g  te m p e ra tu re  ran g e , i.e. fro m  1400 °C  to  1600 °C . T h e  ap p e a ra n ce  o f  so lid -s ta te  C r 
p a r tic le s  a t th e  in te rfaces  m a y  c au se  th e  re d u c e d  d e n s if ic a tio n  ra te . A lso  fu r th e r  
d e c o m p o s itio n  o f  th e  C r p re c u rso r  m a y  a lso  in flu en ce  th e  d e n s if ic a tio n  b e h a v io u r  o f  th e  
A l20 3-C r  n an o c o m p o s ite s  b y  fo rm in g  g aseo u s  p ro d u c ts  (su ch  as C O ) d u rin g  th e  s in te r in g  
p ro c e ss . M ic ro s tru c tu ra l in v e s tig a tio n  is n e c e ssa iy  to  c la rify  so m e  o f  th e se  issu es .
4.5.2 Microstructural Development of the Al20 3-Cr Nanocomposites
A s sh o w n  in  F ig u re  4 .1 , tw o  s lig h tly  d iffe ren t p o w d e r  p ro c e ss in g  m e th o d s  w e re  u se d  to  
p ro d u c e  A l20 3-C r n an o c o m p o s ite s , i.e . w ith  (ro u te  II) o r w ith o u t b a ll m illin g  (ro u te  I) a fte r 
c a lc in a tio n . T h e  m ic ro s tru c tu re  o f  A l20 3-C r n a n o c o m p o s ite  (C H I)  b y  ro u te  I sh o w e d  lo w  
d e n s ity  (9 2 %  T D ) and  u n e v e n  C r p a rtic le  size  d is tr ib u tio n  u n d e r  a  re la tiv e ly  lo w e r h o t 
p re s s in g  te m p e ra tu re , i.e . 1400 °C  fo r 30  m in u te s  (F ig u re  4 .7 ). P a tc h e s  w ith  h ig h  p o ro s ity  
m a y  in d ic a te  th a t a g g lo m era tio n s  fro m  p o w d e r  p ro cess in g  in h ib it th e  d e n s if ic a tio n  o f  th e  
co m p ac t. F u rth e rm o re , sm a ll C r p a rtic le s  w ith  s izes  less th an  100 n m  an d  b ig g e r  o n es o f  ab o u t 
1 p m  c o e x is t w ith  an  av e rag e  p a rtic le  s ize  o f  4 6 7  n m . T h u s, o n  o n e  h a n d  a  h ig h e r  h o t p re ss in g  
te m p e ra tu re  and  lo n g e r tim e  are  n e e d e d  to  ach iev e  h ig h e r d en sity ; o n  th e  o th e r  h an d , it is 
a ssu m e d  th a t th e  p a r tic le  s izes  w o u ld  g ro w  fu rth e r u n d e r  h ig h e r c o n so lid a tio n  te m p e ra tu re s  
and  lo n g e r  tim es . T h u s , it is  u n lik e ly  th a t n a n o c o m p o s ite s  w ith  h ig h  d e n s ity  an d  sm all p a rtic le  
s ize  c an  b e  p ro d u c e d  b y  ro u te  I. B re a k in g  u p  th e  ag g lo m era tio n s  is  a  c ru c ia l s tep  to  o b ta in  a 
u n ifo rm  m ic ro s tru c tu re . A lso  i f  th e  C r(A C A C )3 is n o t a lread y  c o m p le te d  d eco m p o sed , it  m ay  
fo rm  C O  gas an d  in tro d u c e  v o id s  in  th e  m ic ro s tru c tu re . T h u s, a  h ig h e r p re ssu re  a p p lie d  a t an  
e a rlie r  t im e  d u rin g  h o t p re ss in g  is n e c e s sa iy  to  e x c lu d e  th e  po res . T h e re fo re , an o th e r p o w d e r  
p ro c e ss in g  ro u te , i.e . b a ll m illin g  a fte r c a lc in a tio n  (ro u te  II), w as  u se d  to  b re a k  u p  th e  
a g g lo m e ra tio n s  an d  p ro m o te  an  ev en  d is tr ib u tio n  o f  C r in c lu s io n s . F u rth e rm o re , a  p re ssu re  o f  
35 M P a  w a s  ap p lied  o n ce  th e  h o t p re ss in g  te m p e ra tu re  reach ed  1000 °C  to  a id  c lo su re  o f  th e  
p o ro s ity . A s  ex p ec ted , S E M  o b se rv a tio n  o f  th e  ro u te  II A l20 3-C r n a n o c o m p o s ite  h o t p re sse d  
a t 1450  °C  fo r 60  m in u te s  re v ea led  a m o re  h o m o g en eo u s  d is tr ib u tio n  o f  C r p a rtic le s  an d  
lo w e r p o ro s ity  (F ig u re  4 .8 ). B y  in c rea s in g  th e  h o t p re ss in g  te m p e ra tu re  to  1600  °C  (C H 4 ), a
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d e n s ity  o f  98.1 %  T D  w as ach iev ed  and  th e  av e rag e  p a rtic le  s ize  w as  s till  less  th a n  2 0 0  nm . 
C lea rly , th e  p ro c e ss in g  p ro c e d u re  s tro n g ly  in flu en ces  th e  m ic ro s tru c tu re  an d  it is  e x p e c te d  th a t 
th is  w ill  b e  re fle c ted  in  th e  m e c h a n ic a l p ro p e rtie s . I f  th e  seco n d  p h a se  p a r tic le s  are  
in h o m g e n e o u s ly  d isp e rsed  in  th e  in itia l p o w d e r  m ix tu re , local v a r ia tio n s  in  d e n s ity  and  
a b n o rm a l g ra in  g ro w th  m a y  re su lt, b e c a u se  o f  th e  in e ffec tiv e  ro le  o f  in c lu s io n s  as g ra in  
g ro w th  in h ib ito rs  fo r  th e  m a trix  g ra in s. I t is w e ll k n o w n  th a t an  in h o m o g e n e o u s  d is tr ib u tio n  o f  
a  se c o n d  p h ase  an d  a b n o rm a l g ra in  g ro w th  are  d e trim en ta l to  m e c h a n ic a l p ro p e rtie s , o fte n  
a c tin g  as th e  frac tu re  o rig in  (e.g . H a rm er, 1984). T h ere fo re , m o st o f  A l20 3-C r  n a n o c o m p o s ite s  
w e re  fa b ric a ted  b y  ro u te  II in  o rd e r to  o b ta in  a  h o m o g en eo u s  m ic ro  s tru c tu re .
S ev e ra l m o n o lith ic  a lu m in a  sp ec im en s  w ere  h o t p re ssed  a t d iffe ren ce  te m p e ra tu res  in  o rd e r  to 
m a tc h  th e  g ra in  s ize  o f  th e  A l20 3-C r n an o co m p o site s . F ig u re  4 .9  is a  ty p ic a l T E M  m ic ro g ra p h  
o f  th e  a lu m in a  h o t p re sse d  a t 1400 °C  fo r 30  m in u te s  (H A 1). A lu m in a  g ra in s  are  eq u ia x e d  
w ith  v o id s  b o th  in s id e  th e  g ra in  an d  at g ra in  b o u n d a rie s . T h e  lin e a r  in te rc e p t m e th o d  w a s  u sed  
to  m e a su re  th e  g ra in  s ize  o n  th e rm a lly  e tch ed  su rfaces . T h e rm a l e tc h in g  w a s  c o n d u c te d  at 
1350  °C  fo r  30  m in u te s  in  air. B y  th is  m e th o d  th e  g ra in  size  o f  m o n o lith ic  a lu m in a  h o t 
p re sse d  a t 1400  °C  is  2 .7  p m , w h ic h  is  a  s im ila r v a lu e  to  th a t o b se rv e d  fro m  frac tu re  su rfaces  
an d  T E M . T h u s , a ll a lu m in a  sp ec im en s  w e re  th e rm a lly  e tch ed  at 1350  °C  fo r  30  m in u te s . T h e  
av e ra g e  g ra in  s ize  o f  th e  m o n o lith ic  a lu m in a  in c reased  to  3.5 p m  w h e n  h o t p re sse d  a t 1450  °C  
fo r 1 h o u r  (H A 5).
A ll n a n o c o m p o s ite s  w e re  th e rm a lly  e tch ed  at 1350 °C  fo r 30  m in u te s  in  an  a rg o n  a tm o sp h e re  
in  o rd e r  to  av o id  o x id a tio n . T h e  th e rm a lly  e tch ed  su rfaces  o f  n a n o c o m p o s ite s  h o t p re sse d  at 
d iffe re n t te m p e ra tu re s , to g e th e r  w ith  th o se  o f  m o n o lith ic  a lu m in a , a re  sh o w n  in  F ig u re  4 .10 . 
A d d in g  5 v o l%  n an o -s ized  C r s ig n ific a n tly  d ec reased  th e  a lu m in a  g ra in  size . T h e  av e rag e  
g ra in  s ize  v a lu e s  o f  n an o c o m p o s ite s  are  lis te d  in  T ab le  4 .1 . T h e  a lu m in a  g ra in  s ize  w as  
re d u c e d  d ra m a tic a lly  to  0 .68  p m  in  th e  A l20 3-C r n a n o c o m p o s ite s  h o t p re s se d  a t 1450  °C  fo r 
60  m in u te s  (C H 2 ). T h e  re f in e m e n t o f  m ic ro s tru c tu re  b y  a d d in g  n a n o -s iz e d  C r in c lu s io n  is 
m o re  e v id e n t b y  c o m p arin g  th e  g ra in  s ize  o f  m o n o lith ic  a lu m in a  (3 .5  p m ) and  th e  A l20 3-C r 
n a n o c o m p o s ite  s in te re d  u n d e r  id en tica l co n d itio n s. I t is  lik e ly  th a t th e  p re se n c e  o f  n a n o -s iz e d  
C r p a r tic le s  s lo w ed  d o w n  th e  m o v e m e n t o f  th e  g ra in  b o u n d a rie s  in  a lu m in a . I t  w as  n o t 
p o ss ib le  to  p ro d u c e  m o n o lith ic  a lu m in a  w ith  m a tc h in g  g ra in  size  w ith  th e  n an o c o m p o s ite s .
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T h e  m a jo r ity  o f  th e  a lu m in a  g ra in s  in  th e  A l20 3-C r n an o c o m p o s ite  h o t  p re sse d  a t 1450  °C  
(C H 2 ) a re  e q u iax ed  an d  h a v e  a  n a rro w  size  d is tr ib u tio n  (F ig u re  4 .1 1 ). O ccas io n a lly , a lu m in a  
g ra in s  w ith  h ig h e r  a sp ec t ra tio s  co u ld  b e  seen . C r d isp e rso id s  a re  sp h e ric a l and  
h o m o g e n e o u s ly  d is tr ib u te d  in  th e  a lu m in a  m a trix . S A E D  (se lec ted  a re a  e le c tro n  d iffra c tio n ) 
p a tte rn s  o n  p a r tic le s  la rg e r  th a n  2 0 0  n m  an d  C B E D  (co n v erg en ce  b e a m  e lec tro n  d iffra c tio n ) 
p a tte rn s  o n  e v e n  sm a lle r  p a rtic le s  c o n firm ed  th a t th e  seco n d  p h a se  is ch ro m iu m . N o  o b v io u s  
g la ssy  p h a se  w as  p resen t. I t  is  v e iy  c o m m o n  to  o b se rv e  s ta in  fr in g es  a ro u n d  n a n o -s iz e d  
c h ro m iu m  p a rtic le s , m o s t lik e ly  re su ltin g  fro m  stre sses  a ris in g  fro m  m ism a tc h  in  th e  
c o e ff ic ie n t o f  th e rm a l ex p an sio n . D is lo c a tio n s  c o n n ec tin g  to  C r p a r tic le s  a re  a lso  p re se n t 
(F ig u re  4 .1 2 ).
In c re a s in g  th e  h o t p re ss in g  te m p e ra tu re  to  1600 °C  cau sed  b o th  th e  g ra in  s iz e  an d  th e  p a rtic le  
s ize  to  in c re a se  (F ig u re . 4 .1 3 ). T h e  av e rag e  g ra in  s ize  in c rea sed  to  1.6 p m . M o re o v e r, 
e lo n g a te d  a lu m in a  g ra in s  w e re  p re sen t. A n  e x am p le  o f  su ch  a  h ig h  a sp e c t ra tio  a lu m in a  g ra in  
is sh o w n  in  F ig u re  4 .1 4 . T h e  face t p la n e s  are  id en tif ied  as {0001}. I t  c a n  b e  seen  th a t so m e  
re la tiv e ly  la rg e  C r p a rtic le s  w e re  tra p p e d  in s id e  th e  ab n o rm al g ra in . T h e re  is so m e  e v id en ce  
th a t a  g la ssy  p h a se  ex ists , m a in ly  a t th e  tr ip le  p o in ts  a ro u n d  C r p a r tic le s  (F ig u re  4 .1 3 ) and  
n o rm a lly  th o se  a reas  w e re  asso c ia ted  w ith  h ig h e r  p o ro sity . T h is  p ro b a b ly  re su lte d  fro m  th e  C r 
p a r tic le s  in  in te rg ra n u la r  p o s itio n s  p re v e n tin g  c o m p le te  d e n s if ic a tio n  an d  th e  p o re s  b e tw e e n  
th e  p a r tic le s  ac tin g  as s in k s  fo r th e  a c c u m u la tio n  o f  excess am o rp h o u s  p h a se  (S c h m id  et al, 
1998).
A120 3 a b n o rm a l g ra in  g ro w th  has b een  fo u n d  in  A l20 3-S iC  n a n o c o m p o s ite s  at fa ir ly  h ig h  
p ro c e ss in g  te m p era tu res , b u t n o rm a lly  th e  a b n o rm a lly  g ro w n  a lu m in a  g ra in s  w e re  s till 
e q u ia x e d  in  sh ap e  o r w ith  a  lo w  asp ec t ra tio . T h ere  w ere  so m e ra re  o ccas io n s  w h e n  a lu m in a  
g ra in  g rew  a b n o rm a lly  to  h ig h  asp ec t ra tio s  (B o rsa  et a l , 1999, J e o n g  et al, 1997 , Z h a n g  et 
al, 1996). G en e ra lly , th is  w as  c au sed  b y  an  im p u rity  e ffec t in  th e  p o w d e r  p ro cess in g . L o c a lly  
h ig h  c o n c e n tra tio n s  o f  so m e  e lem en ts , su ch  as S i, C a  and  N a , p ro d u c e  liq u id  p h a se  d u rin g  
s in te rin g . T h e  m o b ility  o f  b o u n d a rie s  c o n ta in in g  s ilic a te -b a se d  liq u id  film s h as  b e e n  
d e m o n s tra te d  to  b e  le ss  th a n  c le a n  g ra in  b o u n d a rie s  (K ay sse r et al., 1987). D u rin g  s in te r in g  o f  
a lu m in a , th e  b a sa l p la n e s  ( 0001} are  re a d ily  w e t b y  th e  liq u id  an d  fo n n  th e  lo n g  face ts  o f  h ig h  
a sp ec t ra tio  (B a te m a n  et al., 1989). T h u s  th is  m o b ility  d iffe ren ce  b e tw e e n  th e  in te rfaces  
re su lts  in  th e  la rg e  asp ec t ra tio  g ra in s.
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C o n s id e r in g  th e  A l20 3-C r n a n o c o m p o s ite  h o t p re sse d  at 1600°C  (C H 4 ), S E M -W D X  an a ly s is  
su g g e s ts  th a t h ig h e r  c o n c e n tra tio n s  o f  N a  and  C a  are  p re sen t in  la th -lik e  a lu m in a  g ra in s  th a n  
in  A120 3 m a tr ix  (F ig u re  4 .1 5 ) a lth o u g h  S A E D  p a tte rn  an a ly sis  c o n firm s  th a t b o th  ty p e s  o f  
g ra in s  are  a -A l20 3. T h is  ca n  b e  tra c e d  b a c k  to  th e  im p u rity  e lem en ts  in  th e  s ta rtin g  p o w d e r  
(F ig u re  4 .4 ). I t  is  a lso  p o ss ib le  th a t m o s t a lu m in a  s in te red  u n d e r ty p ic a l lab o ra to ry  c o n d itio n s  
h as  b e e n  c o n ta m in a te d  b y  th e  u b iq u ito u s  im p u rtie s , S i 0 2 and  C aO  (B len d e ll et al., 1984, 
M o rris  et al., 1985). T h e se  im p u rity  e lem en ts  are  in  th e  so lid  s ta te  u n d e r  lo w e r h o t p re ss in g  
te m p e ra tu re s , w h ic h  is  th e  c a se  o f  th e  A l20 3-C r n a n o c o m p o s ite  s in te re d  a t 1450°C  (C H 2 ). T h e  
p re se n c e  o f  th e  am o rp h o u s  in te rg ra n u la r  p h a se  in  th e  A l20 3-C r n a n o c o m p o s ite  h o t p re sse d  at 
1 6 0 0 °C  (C H 4 ) su g g ests  th a t a  liq u id  p h a se  w as  p re se n t w h e n  s in te rin g  u n d e r  th is  te m p e ra tu re . 
T h u s , i t  ap p ea rs  th a t a t th e  h ig h e r  p ro c e ss in g  tem p era tu re , th e  im p u rity  co n te n t o f  th e  in itia l 
s ta r tin g  p o w d e r  b le n d  and  p o w d e r  p ro c e ss in g  lead s to  th e  fo rm a tio n  o f  a  sm a ll a m o u n t o f  
l iq u id  p h a se  w h ic h  in  tu rn  re su lts  in  th e  la rg e , la th -lik e  g ra in s  in  th e  fin a l m ic ro  s tru c tu re .
T h e  p a r tic le  s ize  d is tr ib u tio n  o f  th e  c h ro m iu m  in  th e  n a n o co m p o site s  w as  an a ly sed  fro m  T E M  
im ag es  o f  o v e r  30 0  p a rtic le s  in  each  case . G en e ra lly , th e  d isp e rse d  C r p a rtic le s  a re  m o s tly  
lo c a te d  a t th e  g ra in  b o u n d a rie s  and  tr ip le  p o in ts . T h e  av e rag e  p a rtic le  s ize  and  
in te r /in tra g ra n u la r  d isp e rs io n  ra tio  o f  c h ro m iu m  h av e  b een  ev a lu a ted  an d  are  su m m a rise d  in  
T a b le  4 .2 . F o r  th e  A l ,0 3-C r n a n o c o m p o s ite  h o t p re sse d  at 1450°C  (C H 2), 70 %  (in  n u m b e r)  
o f  th e  c h ro m iu m  p a rtic le s  are  lo ca ted  a t g ra in  b o u n d a ry  o r tr ip le  p o in ts  w ith  an  av e rag e  s ize  o f  
144 n m , w h e re a s  30  %  o f  th e  ch ro m iu m  p a rtic le s  w e re  trap p ed  in s id e  th e  a lu m in a  g ra in s  w ith  
a  sm a lle r  p a r tic le  s ize  o f  75 nm . O v era ll, th e  m e a n  C r p a rtic le  s ize  is 124 nm . In c re a s in g  th e  
h o t p re s s in g  te m p e ra tu re  to  1600  °C  cau ses  b o th  th e  in trag ran u la r  an d  in te rg ra n u la r  p a r tic le  
s ize  to  in c re a se  as ca n  b e  seen  c lea rly  in  F ig u re  4 .16 . T h e  av e rag e  g ra in  s ize  is 186 nm . 
S ta tis tic a lly  th e  ra tio  o f  in te r /in tra g ra n u la r  p a rtic le s  is u n ch an g ed , a lth o u g h  lo ca lly  o n e  fin d s 
th a t la rg e r n u m b e rs  o f  b ig g e r  C r  p a rtic le s  w e re  trap p ed  in s id e  th e  e lo n g a te d  a lu m in a  g ra in s. 
T h e  n a n o c o m p o s ite  fab rica ted  a t th e  lo w e r te m p e ra tu re  has a n a rro w e r  p a r tic le  size  
d is tr ib u tio n . S o m e  fa irly  la rg e  p a rtic le s , a ro u n d  1 p m , can  b e  fo u n d  in  th e  h ig h  te m p e ra tu re  
s in te re d  co m p ac t. T h e  A l20 3-C r n a n o c o m p o s ite s  fab rica ted  u s in g  th e  c h e m ic a l m e th o d  are  
ch a ra c te rise d  as an  in te rg ra n u la r  ty p e  o f  n a n o c o m p o s ite s  acco rd in g  to  N iih a ra ’s c la ss if ic a tio n  
(1 9 9 1 ).
Chapter 4 Processins and Microstructural Characterisation o f  the ALO ,-Cr Nanocomposites____________________
110
T h e  m ic ro s tra c tu re  o f  th e  A l20 3-5 v o l% C r m ic ro -co m p o s ite  is sh o w n  in  F ig u re  4 .1 7 . T h e  
av e ra g e  g ra in  s ize  an d  p a r tic le  s ize  a re  2.1 p m  an d  1.5 p m , re sp e c tiv e ly . U s in g  th e  p o w d e r  
m e ta llu rg y  p o w d e r  p ro c e ss in g  m e th o d  g iv es  a  w id e  size  ran g e  fo r th e  C r p a rtic le s , fro m  su b - 
m ic ro m e tre  to  2 0  p m . T h e  g ra in  size  is s lig h tly  sm a lle r  th an  th e  a lu m in a  h o t p re s se d  u n d e r  
id e n tic a l c o n d itio n s , b u t is  v e ry  s im ila r  to  th e  g ra in  s ize  o f  A l2O 3-2 0 v o l%  C r m ic ro ­
c o m p o s ite s  (1 .9  p m ), as sh o w n  in  T ab le  4 .1 . A lth o u g h  th e  p a r tic le  s izes  o f  th e  a lu m in a  
p o w d e rs  u se d  fo r th e se  tw o  co m p o site s  a re  s lig h tly  d iffe ren t (1 0 0 -3 0 0  n m  fo r A l20 3-5 v o l% C r 
m ic ro -c o m p o s ite  an d  3 0 0 -5 0 0  n m  fo r A l2O 3-2 0 v o l%  C r m ic ro -c o m p o s ite ) , th is  d o es  n o t 
ap p e a r to  a ffec t th e  g ra in  s ize  o f  th e  h o t p re sse d  co m p o site s . T h e  s im ila r  g ra in  s ize  in  th e se  
tw o  A l20 3-C r m ic ro -c o m p o s ite s  is  ev id en ce  o f  th e  in e ffic ien t p in n in g  b y  in h o m g e n e o n s ly  
d is tr ib u te d  m ic ro -s iz e d  C r in c lu s io n s . I t  c an  b e  co n c lu d ed  th a t th e  s ig n ific a n t m ic ro s tru c tu ra l 
re f in e m e n t in  th e  A l20 3-5 v o l %  C r n an o c o m p o s ite  is a  re su lt o f  th e  h o m o g e n e o u s ly  
d is tr ib u te d  n a n o -s iz e d  ch ro m iu m  in c lu sio n s.
4.6 Summary
In te rg ra n u la r- ty p e  A l20 3-C r n an o c o m p o s ite s  w e re  su ccessfu lly  fa b r ic a ted  u s in g  a  c h em ica l 
m e th o d  w ith  C r(A C A C )3 as th e  C r p recu rso r. C a lc in a tio n  a t 350  °C  in  an  A r  a tm o sp h e re  led  
to  d e c o m p o s itio n  o f  th e  s ta rtin g  p o w d e r b le n d  an d  th e  fo rm a tio n  o f  a n  A l20 3-C r p o w d e r  
b len d . P o w d e r  p ro c e ss in g  is c r itica l in  d e te rm in in g  th e  m ic ro  s tru c tu re  o f  th e  A l20 3-C r 
n an o c o m p o s ite s . I t is  e ssen tia l to  av o id  in tro d u c in g  ag g lo m era tio n s  w h ic h  a re  v e ry  
d e tr im e n ta l to  th e  m ic ro s tra c tu re  an d  m e c h a n ic a l p ro p ertie s . T h u s , b a ll m illin g  th e  p o w d e r  
b le n d  a fte r  c a lc in a tio n  is a  n e c e ssa ry  step  to  b reak  up  a g g lo m era tio n s  ca u se d  b y  h e a t tre a tm e n t 
and  en su re  u n ifo rm  d is tr ib u tio n  o f  th e  p a rtic le  size  in  th e  fin a l n a n o c o m p o s ite s . A d d in g  
5 v o l%  n a n o -s iz e d  C r p a rtic le s  d ec rea sed  th e  d e n s if ic a tio n  ra te  o f  th e  a lu m in a  m a trix . T h e  
h ig h e s t d e n s ity  o b ta in ed  fo r  th e  A l20 3-C r n a n o co m p o site s  w as  98.1 %  T D  w h ic h  w as  h o t 
p re sse d  a t 1600  °C  fo r 1 h o u r. T h e  A l20 3-C r n a n o co m p o s ite  h o t p re sse d  a t 1450 °C  fo r  1 h o u r  
sh o w e d  a  h o m o g e n e o u s  d is tr ib u tio n  o f  a lu m in a  g ra in s  and  C r p a rtic le s . T h e  a lu m in a  g ra in  
s ize  w a s  re d u c e d  d ra m a tic a lly  to  0 .68  p m  co m p ared  w ith  th e  g ra in  s ize  o f  3 .6  p m  in  th e  
m o n o lith ic  a lu m in a  h o t p re s se d  u n d e r  id e n tic a l co n d itio n s. In c re a s in g  th e  h o t p re ss in g  
te m p e ra tu re  ca u se d  b o th  g ra in  s izes  and  p a rtic le  s izes  to  increase . M o re o v e r, so m e  a lu m in a  
g ra in s  g rew  a b n o rm a lly  to  h ig h  asp ec t ra tio . T h is  m ay  b e  cau sed  b y  lo ca l liq u id  p h a se  
fo rm a tio n  fro m  th e  im p u rity  e lem en ts  in  th e  s ta rtin g  p o w d e r and  p o w d e r  p ro cess in g . P a r tic le
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size  a n a ly s is  b y  T E M  sh o w ed  th a t m o s t o f  C r p a rtic le s  w ere  lo ca ted  a t g ra in  b o u n d a rie s  and  
tr ip le  p o in ts  an d  a  sm a ll a m o u n t o f  sm a lle r  C r p a rtic le s  w e re  trap p ed  in s id e  th e  a lu m in a  g ra in s  
in  th e  A l20 3-C r n a n o c o m p o s ite s  h o t p re ssed  a t d iffe ren t tem p era tu res . T h e  av e rag e  C r p a r tic le  
s ize  w as  118 n m  in  th e  lo w  te m p e ra tu re  h o t p re sse d  n an o co m p o site . T h u s , th e  A l20 3-C r 
n a n o c o m p o s ite s  fab rica ted  u s in g  th e  ch em ica l m e th o d  are ch a ra c te rise d  as an  in te rg ra n u la r  
ty p e  o f  n a n o c o m p o s ite s  acco rd in g  to  N iih a ra ’s c lass ifica tio n .
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Chapter 4 Processing and Microstructural Characterisation o f the APO ,-Cr Nanocomposites
T a b le  4.1 H o t p re ss in g  sch ed u le s , d en s itie s  an d  g ra in /p a rtic le  s ize  o f  th e  m o n o lith ic  A120 3 and
A l20 3-5 v o l% C r n an o co m p o site s
S p e c im e n T em p era tu re T im e D e n s ity R e la tiv e G ra in  size P a rtic le
(°C ) (M in u tes) (M g  m 3) d en sity
(% T D )
(p m ) s ize
(nm )
H A 1 1400 30 3 .92 98 .2 2 .7
H A 2 1450 30 3.96 99.2
H A 3 1500 30 3.98 99.7
H A 4 1400 60 3 .94 98.7
H A 5 1450 60 3 .99 99.9 3.5
H A 6 1500 60 3.99 99.9
a i 9o 3- 1400 30 4 .08 98.6 2.1 1.5
5 % C r
C H I 1400 30 3.81 92 1.3 4 6 7
C H 2 1450 60 4 .02 97.1 0.68 124
C H 3 1500 60 4 .04 97.6 0 .85
C H 4 1600 60 4 .06 98.1 1.6 186
T a b le  4 .2  D e ta ils  o f  th e  C r p a r tic le  s izes  an d  p o s itio n s  in  the  A l20 3-C r n a n o c o m p o s ite s
H o t p re s s in g In te rg ra n u la r  c h ro m iu m In tra g ra n u la r  ch ro m iu m A v e ra g e  p a r tic le
te m p e ra tu re size
(°C ) F ra c tio n  (% ) S ize  (nm ) F ra c tio n  (% ) S ize  (nm ) (nm )
1450 71 144 29 75 124
1600 70 213 30 124 186
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Chapter 4 Processine and Microstructural Characterisation o f  the Al,Or Cr Nanocomposites
A120 3 AKP-50 powder
Ball milling in ethanol for 
24 hours
Cr(ACAC)3 powder
Ball milling in ethanol for 
24 hours
Mixing in ethanol for 24 hours
Dry in vacuum oven at 65 °C
Sieve (53 pm)
Calcination in Ar at 350 °C for 1 hour 
Route II
Ball milling in ethanol for 24 hours
Route I Dry at 65°C
Sieve (53 pm)
Hot pressing 
(1450 °C, 1500 °C, 1600 °C/1 hour/35 MPa)
Microstructural observation Mechanical property testing
F ig u re  4.1 T h e  p ro c e d u re  to  fab rica te  th e  A l20 3-C r n a n o c o m p o s ite s
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T e m p e ra tu re  (°C )
T e m p e ra tu re  (°C )
F ig u re  4 .2  D S C  and T G A  resu lts  f ro m  the  A l20 3-C r (A C A C )3 p o w d e r b le n d  heated
(a) in  a ir  and (b ) in  a rgon
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Figure 4.4 TEM micrograph of Al20 3-Cr(ACAC)3 powder mixture with 
accompanying EDX spectra
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Figure 4.5 TEM micrograph of the powder blend after 350°C calcination 
(Cr particles are indicated by arrows)
Hot pressing tem perature (°C)
Figure 4.6 Densification behaviour o f A120 3 and A l,03-Cr nanocomposites
118
Chapter 4 Processing and Microstructural Characterisation o f  ALO,-Cr Nanocomposites
Figure 4.7 SEM photomicrographs at (a) low magnification and (b) higher magnification 
showing the typical microstructure of the Al20 3-Cr nanocomposite 
fabricated by route I (CHI)
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Figure 4.8 SEM photomicrographs at (a) low magnification and (b) higher magnification 
showing the typical microstracture o f the A l,03-Cr nanocomposites (CH2)
fabricated by route II
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Figure 4.9 TEM image showing the typical microstructure of monolithic alumina hot pressed
at 1400 °C/30 minutes (HA1)
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Figure 4.10 SEM (secondary electron image) photomicrographs showing the thermally etched
surfaces of the monolithic A120 3 hot pressed at 
(a) 1400 °C/30 minutes (HA1) (b) 1450 °C/1 hour (HA5) 
and the Al20 3-Cr nanocomposite hot pressed at 
(c) 1450 °C (CH2) (d) 1500 °C (CH3) (e) 1600 °C (CH4)
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Figure 4.11 TEM image showing the typical microstructure of Al20 3-5vol%Cr nanocomposite
hot pressed at 1450 °C/1 hour (CH2)
Figure 4.12 Dislocations associated with Cr particles in the Al20 3-5vol%Cr nanocomposite
hot pressed at 1450°C/1 hour (CH2)
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Figure 4.13 TEM image showing the typical microstructure o f the Al20 3-5vol%Cr 
nanocomposite hot pressed at 1600 °C/1 hour (CH4).
(The arrows indicate areas where a glassy phase may have formed)
Figure 4.14 TEM image showing a high aspect ratio alumina grain in Al20 3-5vol%Cr 
nanocomposite hot pressed at 1600 °C/1 hour (CH4)
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cps
cps
Figure 4.15 SEM-WDX spectra from (a) matrix and (b) the lath-like A120 3 grain in the CH4
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0-50 50-100 100-150 150-200 200-250 250-300
Particle size (nm)
0-50 51- 101- 151- 201- 251- 301- 351- 401- 451- 501- 551- 
100 150 200 250 300 350 400 450 500 550 600
Particle size (nm)
Figure 4.16 Detailed intra- and intergranular Cr particle size distributions
in (a) CH2 and (b) CH4
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Figure 4.17 SEM photomicrograph showing the typical microstructure 
of the Al20 3-5vol%Cr micro-composite
Mechanical Properties of the Pressureless Sintered 
AI20 3-C r Composites
5.1 Introduction
The first section of this chapter presents the experimental details for the mechanical property 
testing used in this study, including hardness and indentation fracture toughness, double 
cantilever beam testing (DCB), flexure strength and thermal shock testing. This is followed by 
the results of mechanical property assessments for the pressureless sintered Al20 3-Cr micro- 
composites. The influence of processing on the microstructural development of the composites 
has been reported in chapter 3. In turn the effect of microstructure and the inherent character o f 
Cr on the mechanical properties of the Al20 3-Cr composites is discussed here.
5.2 Experimental Details of Mechanical Testing of the Al20 3-Cr Composites
5.2.1 Fracture Toughness Determination
5.2.1.1 Indentation Method
Indentation tests were performed using a Vickers pyramid diamond hardness testing machine 
(Hardness Testing Machines Ltd.). The specimens were polished to a 1 pm diamond surface 
finish before the tests. The loads used were 98 N to 392 N with a loading time o f 10 seconds. 
The hardness can be calculated using the following equation:
2Psin(A
Hv=  (5.1)
a~
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where Hv is the Vickers hardness, P is the indentation load, a (equal to 136°) is the included 
angle of the indenter and a is the average of the two indentation diagonals. Each indentation was 
placed at least ten diagonal lengths away from adjacent indentations to ensure that the elastic- 
plastic stress field generated by an indentation was not affected by the stress field o f any 
neighbouring indentation. The average length of radial cracks, c, emanating from the indentation 
corners was used to obtain a value o f fracture toughness using Liang’s equation (1990):
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where F(v) is given by
F(v) = 14(l-8((4vc-0.5)/(l+vJ)4)  (5.3)
where Hv is the Vickers hardness, Ec and vr are Yoimg’s modulus and Poisson’s ratio o f the 
composite, 0  is a constant and Ec was calculated using the following formula
E , 
E..
E + (E  - E  ) fm v p m J J (5.4)
where the subscripts c, p and m refer to the composite, particulate and matrix phase, 
respectively, and/is the volume fraction of Cr. The Poisson’s ratio of the composite, vf, was 
calculated using the law of mixtures given as
Vf=/v,+(7-J0V, (5.5)
Table 5.1 gives the value of Em, Ep, vm, vp and Ec, vc calculated using Equation 5.4 and Equation 
5.5. These values were used in the subsequent fracture toughness evaluations.
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The fracture toughness results were averaged over 10 indentations per specimen. SEM was used 
to observe the indentation crack paths and ascertain the role of the Cr inclusions in toughening 
of the Al20 3-Cr composites.
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5.2.1.2 Double Cantilever Beam (DCB) Testing
Indentations were ill-defmed in the Al20 3-Cr and Al20 3-Cr/Ni composites, thus a more accurate 
method, double cantilever beam (DCB) testing, was used to assess the fracture toughness and 
R-curve behaviour in the later stages of this study. DCB has been used successftilly in previous 
studies o f Al20 3-Fe (Trusty, 1994) and Al20 3-Ni systems (Sim, 1993). The specimen 
configuration for DCB testing is shown in Figure 5.1. The specimens were about 22 mm long, 
12 nun wide and 2 mm thick. A groove about 0.5 mm deep and 2 mm wide was machined along 
the longitudinal central line on each side of the specimen to guide an advancing crack. A notch 
about 3 -4  mm long, 0.4 nun thick was cut in order to initiate a crack during the test. Brass end 
tags were attached using a single part epoxy adhesive (Pennabond ESP 110). The exact 
dimensions o f specimen SCR for DCB testing are given in Table 5.2. A travelling microscope 
was used to measure the advancing crack length during the crack opening. It proved to be veiy 
difficult to read the value of the crack length accurately. It was not possible to mount the rig 
inside the chamber o f a SEM, as had previously been done by Sun and Trusty, so to improve 
matters the groove was polished using 6 pm diamond paste before testing.
The fracture resistance of the specimen was calculated using the following modified DCB 
formula (Trusty, 1994)
£ ^ - ( i + o +  
(U , ) 1' 2* 3' 2 ><■
K t (1  Q.7-) (5.6)
where b is the distance from crack tip to the loading axis, and the other characters are defined 
in Figure 5.1.
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5.2.2 Flexure Strength
The specimens for flexure strength measurement were pressed as bars. After sintering, all bars 
were ground to 4 mm x 3 nun x 45 mm. The machining damage was mechanically removed by 
polishing, ultimately to a 3 pm diamond surface finish on the tensile surface. The other three 
surfaces were polished to a 30 pm finish. The edges were chamfered to avoid surface defects. 
The fracture strength was evaluated using 3-point bend testing with a span of 30 mm. 
The 3-point bend testing was conducted on an Instron 1195 machine with a cross-head speed of
0.5 mm/min. The fracture strength can be calculated using the following equation:
■ ' - S -
where P is the maximum load at failure, L is the support span, w is the specimen width and d is 
the specimen thickness. The fracture strength results were averaged over 3-4 specimens.
5.3 Thermal Shock Behaviour of the Al20 3-Cr Composites
5.3.1 Introduction
Previous work on the thermal shock behaviour of Al20 3-Fe (Aldridge, 1996) has shown that hot 
pressed and sintered composites behaved differently to each other and to alumina. Thus, it was 
decided to investigate the thermal shock behaviour of the Al20 3-Cr composites. Hence, the 
following section describes the thermal shock resistance parameters to rank materials in order of 
their ability to resist crack initiation and crack propagation when subjected to thermal shock. It is 
followed by the experimental technique used to evaluate the thermal shock behaviour of the 
sintered Al20 3-Cr composites.
5.3.2 Thermal Shock of Brittle Ceramics
A common laboratory method to determine the thermal shock resistance of ceramics is a 
quenching experiment in which heated samples are quenched into a coolant, generally water.
132
During cooling, the surface of the body cools at a faster rate than the bulk, which results in a 
maximum tensile stress at the specimen surface. Since fracture usually originates at the surface, 
the more stringent thermal shock tests involve rapid cooling. Early studies of the thermal shock 
behaviour of monolithic ceramics had two principal approaches. The first approach selects 
material properties to avoid the initiation of fracture by thermal stress. The second approach to 
determine the thermal stress resistance o f brittle materials is concerned with the extent o f crack 
propagation. Two types of parameters have been proposed to predict respectively the results of 
such tests: thermal-stress-resistance parameters and thennal-shock-damage-resistance
parameters.
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The theory concerning the severity o f the shock required to initiate fracture during cooling is 
well established (Kingery, 1955). Cracking is initiated when the thermal stress reaches the 
fracture stress (cy) under the shock conditions and the first thermal-stress-resistance parameter 
R is given as
R = (5.8)
Ea
i.e. R is the maximum temperature difference that can be sustained by a body without cracking 
in an infinitely fast quench. The second thermal stress resistance factor, R ’, which relates to 
conditions o f slower heat-transfer is defined as
R.=IU = (5 .9)
Ea
where X is the thermal conductivity of the specimen. Thus, to select a material to avoid crack 
initiation, on the basis o f these two thermal-shock-resistance parameters, high strength and 
low Yoimg’s modulus, thermal expansion and Poisson’s ratio are beneficial.
Under severe thermal shock conditions the initiation of cracking is unavoidable and the 
avoidance o f catastrophic crack propagation is more important. The driving force for crack 
propagation is from the elastic energy stored in the body. Thermal stress fracture would be 
non-catastrophic if the total elastic energy is less than the total fracture energy required to
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propagate a crack and the fourth thennal-shock-damage resistance parameter, R” ”  
(Hasseleman, 1969), is established as
, K2ic 2Ey
R = y ~ = — ■ (5.10)
ct/(1-d ) a f ( l - v )
where y is the fracture surface energy. Materials with minimum crack propagation should have 
higher values o f fracture energy and lower values of elastic energy at fracture, i.e. high values 
o f Young’s modulus and low values of strength, in direct conflict with the requirements of 
crack initiation.
Hasselman’s unified theory (1969) o f the thermal shock for ceramics considered the onset and 
arrest conditions for fracture. The change in crack length and strength behaviour as a function 
o f severity o f thermal shock was predicted as shown in Figure 5.2. When the initial crack is 
short, the crack length and strength remain unchanged until a critical temperature difference, 
ATC, is reached. At AT = ATC the strength decreases abruptly as crack initiation occurs. The 
new crack length is subcritical, so that AT must be increased to a new value ATC’ before the 
cracks can continue to propagate. Consequently, a plateau in strength and crack length is 
observed. With further increases in temperature difference, cracks grow quasi-statically with a 
gradual decrease in strength. This prediction of thermal shock behaviour has been verified for 
various brittle materials (e.g. Davidge & Tappin, 1967, Gupta, 1972, Hasselman, 1970). For 
materials with long initial cracks, propagation occurs quasi-statically, resulting in a gradual 
decrease in strength with increasing quenching temperature.
The thermal shock behaviour of alumina-metal composites has seldom been investigated. The 
mechanical properties and thermal shock behaviour of Al20 3-Ti composites with different 
amounts o f Ti addition has been studied (Naerheim, 1986). It was shown that the composites 
exhibited the same critical temperature difference (ATC) as the alumina matrix. This result 
might be traced back to the lack of plastic deformation of Ti particles suggesting a lack of 
obvious toughening mechanism for this composite. Schon et al. (1994) studied the thermal 
shock behaviour of Al reinforced A120 3 and found that the composites exhibited increased 
thermal shock resistance as evidenced by the increase in ATC. This was attributed to the 
improvement in fracture toughness. Aldridge et al. (1998) concluded that the improved
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thermal shock resistance of Al20 3-Fe composites resulted from the reduction in Young’s 
modulus and increase in fracture toughness as a consequence o f incorporation o f Fe particles 
to A120 3 matrix. Although the understanding of the thermal shock behaviour of metal toughed 
ceramics is still limited, there is evidence that processing and microstructural design are key 
factors in improving the thermal shock resistance o f these materials.
5.3.3 Experimental Procedure
A water quench test was used to evaluate the thermal shock behaviour o f the pressureless 
sintered A120 3 and Al20 3~Cr composites. Test bars were prepared following the same procedure 
as for flexure strength testing as described in Section 5.2.2. Samples were placed into a 
preheated furnace at the required temperature and allowed 20 minutes to reach thermal 
equilibrium. Then samples were removed from the furnace and immediately immersed in water 
(at room temperature, approximately 20 °C). After 20 minutes cooling, the samples were dried 
in an oven. 3 - 4  samples were tested at each given temperature difference, AT. The flexure 
strength testing after thermal shock was carried out using the same method as reported in 
Section 5.2.2.
5.4 Mechanical Properties of the Pressureless Sintered Al20 3-Cr Composites
5.4.1 Fracture Toughness Evaluation
5.4.1.1 Hardness and Indentation Fracture Toughness
The Vickers indentation method was used to assess the hardness and fracture toughness o f the 
pressureless sintered Al20 3-Cr composites. Measurement of fracture toughness by this method 
is quick, easy to perform and only a small sample is required. There are, however, different 
equations for evaluating the fracture toughness which suggests that the results are equation 
specific. It can give a relative ranking of materials. Table 5.3 shows the values of hardness 
and indentation fracture toughness o f the sintered A120 3 and Al20 3-Cr composites. As 
expected, adding Cr to A120 3 decreases the hardness due to the softness of Cr phase. The 
indentation fracture toughness values o f the composites are higher than that o f sintered
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alumina. Samples fabricated from the fine Cr powder are tougher than that those made from 
the coarse Cr powder.
The critical role of sintering environment on the microstructural development o f the 
pressureless sintered Al20 3-Cr composites has been shown in section 3.4. In order to 
investigate its influence on the mechanical properties, the interactions o f indentation 
introduced cracks with the S-A120 3, SCI1, SCI2 and SCR were observed. The cracks are 
straight in the S-A120 3 sample (Figure 5.3). In SCI1, an indentation induced crack goes along 
the (Al, Cr)20 3/Cr interface (Figure 5.4). There are no signs of Cr plastic deformation and the 
bonding between Cr and (Al, Cr)20 3 is weak compared to the bonding between A120 3 and 
(Al, Cr)20 3.
A well-formed indentation is difficult to obtain for SCI2 (Figure 5.5). Lateral cracking always 
results from indentation even when using very low loads. No hardness and fracture toughness 
values were obtained for this sample. Preferential propagation o f indentation cracks along the 
Al20 3/Cr interface indicates the weak bonding between them (Figure 5.6).
In SCR, indentation induced cracks are most likely to be attracted to the big Cr particles, 
going through them or being blunted by them (Figure 5.7 (a)). Figure 5.7 (b) shows a higher 
magnification view of the interaction o f a crack with the irregularly shaped small Cr particles 
surrounding the large particles. The crack either goes along the Al20 3/Cr interface or through 
the Cr particles. Crack frictional bridging by a Cr particle was observed in one case (Figure 
5.8), but Cr plastic deformation was rarely seen. Lateral cracks were also found.
The interaction o f indentation cracks with SFIV1 was also observed by SEM. In most cases, 
an indentation induced crack either goes along the interface or goes through the Cr inclusions 
(Figure 5.9). Lateral cracks also can be seen sometimes. In this case, the microstructure is 
much more refined compared with the diamond impression and indentations were better 
formed. Again, it is rare to find Cr particles that have deformed plastically.
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5.4.1.2 Double Cantilever Beam Testing Results
Due to the difficulties in producing well-formed indentations and the comparable size o f the 
indentation to the size o f Cr particles, indentation testing may not be a suitable method to 
assess the fracture toughness of the Al20 3-Cr composites using coarse Cr powder as a starting 
material. In the later stages o f this study, the fracture toughness of SCI4 was accessed by a 
more reliable method, double cantilever beam (DCB) testing.
Results o f the DCB testing o f specimen SCI4 are shown in Table 5.4 with the corresponding 
relationship between the stress intensity factor (Kf) and the increase in crack length, Ac, 
shown in Figure 5.10. KR-curve behaviour is observed using this method. Using the DCB 
method, it is shown that the fracture toughness increases with increasing crack length linearly 
and reaches the maximum fracture toughness o f 4.5 MPa m1/2 with a crack length 5.1 mm. 
Since the KR-curve does not show an obvious plateau region (i.e. constant 1% once a certain 
crack length has been reached), it may be that the process zone is not fully developed, and that 
fracture toughness may increase further with increasing crack length. However, only 3 points 
were obtained on the KR-curve due to the difficulty encountered in measuring the crack length 
by travelling microscope. It would be preferable to measure the crack length at high resolution 
in sitn using a SEM. Assuming that the fracture toughness o f sintered alumina is 3.2 MPa m1/2 
(from the indentation toughness result), the increase in fracture toughness resulting from 
adding Cr inclusions is limited (AKIC=1.3 MPa m1/2, i.e. 40% increment).
5.4.2 Discussion
The mechanisms o f metal inclusion toughened brittle ceramics have been extensively 
investigated theoretically and experimentally as discussed in Section 2.2. It is believed that 
the most efficient toughening mechanism is crack bridging in which the crack is bridged by 
intact ligaments of the ductile phase behind the advancing crack tip. Crack deflection and 
propagation only in the matrix were identified as main limitations o f toughening by metal 
inclusions. The interfacial properties and the residual sfress state determine the extent to 
which the inherent toughness o f the second phase ductile particles can be utilised (Krstic, 
1983). For the Al20 3-Cr composite, the CTE of Cr (6.2xl0'6 °C"1) is lower than A120 3 
(8.9x1 O'6 °C ‘) and the difference is small. This has a positive role in attracting cracks toward
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Cr particles. The compressive stress induced by thermal mismatch in Cr particles is calculated 
to be about 700 MPa using Selsing’s approach (1961) if 1200 °C is taken as the temperature 
above which stresses relax completely. The critical particle size clc is about 110 pm according 
to Equation 2.6. Although the coarse Cr powder was used as the starting material in the 
fabrication o f the pressureless sintered Al20 3-Cr composites, most o f the Cr particles are 
below the critical size and no obvious microcracks at the Al20 3/Cr interfaces in SCI2 and 
SCI4 were found by SEM observations. Further, the formation o f (Al,Cr)20 3 solid solution 
may enhance bonding between Cr and A120 3 under proper control of the sintering 
environment.
The influence o f sintering environments on the microstructural development has been shown 
in Section 3.4. Different Al20 3/Cr interfaces developed as a function o f oxygen partial 
pressure during sintering. In turn, these may affect the mechanical properties of the 
composites. The thick (Al, Cr)20 3 reaction layer around Cr particles and high porosity at the 
interface were the main microstructural features of SCI1. Studies o f the crack-particle 
interactions in this specimen have shown debonding along the Cr/(A1, Cr)20 3 interface rather 
than along the A120 3/(A1, Cr)20 3 interface. Further, it is shown that many holes were left on 
the fracture surface (Figure 5.11) which results from the Cr particles pulling out. The 
Cr/(A1, Cr)20 3 interface is comparatively weak and this is the preferred crack path. The high 
porosity between the Cr and (Al, Cr)20 3 may be the origin o f the weak interfaces. There is no 
sign that Cr particles deform plastically. Excessive oxidation on sintering in air is detrimental 
to the mechanical properties o f the composite.
A high density was achieved in SCI2 and there was no obvious reaction layer between Cr and 
A120 3. However, the interfaciai bonding o f Cr/Al20 3 is so weak that many holes are present on 
the fracture surface of specimen (Figure 5.12). Lack of strong bonding at the interface of 
Cr/Al20 3 is the consequence o f insufficient oxide at the interface. Therefore, Cr plastic 
deformation did not contribute to toughening. From these two specimens it is evident that too 
much or too little oxygen at the Cr/Al20 3 interface is detrimental to toughening o f the 
composites.
It is rare to see holes left by Cr particles pulled out from the fracture surface of SCR (Figure
5.13). This is the consequence of a strengthened interface. During sintering, the oxidation and
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reduction reaction at the interface o f Al20 3/Cr may give strong interfacial bonding due to the 
tendency to form a (Al, Cr)20 3 solid solution. Thus, the irregularly shaped Al20 3/Cr interface 
gives stronger bonding than the 'normal' Al20 3/Cr interface in the composite materials. 
However, the Cr particles exhibited cleavage fracture. Some fracture surfaces of Cr particles 
showed river markings which are caused by the crack moving through the crystal along a 
number of parallel planes to form a series o f plateaus and connecting ledges. They are 
indications of the absorption of energy by local deformation. The coalescence o f Cr particles 
during consolidation means that cracks may move along preferred planes in the different Cr 
particles and may also consume some energy. However, plastic deformation of the metallic 
phase would be the most efficient toughening mechanism. The brittle failure o f chromium 
contributes less to toughening. The toughness increment in SCI4 is more likely to result from 
crack deflection and crack blunting by Cr particles.
The brittle failure of Cr particles was observed also on the fracture surface of SFIV1 (Figure
5.14). Cr particles that have deformed plastically are seen rarely. There are also some holes 
present on the fracture surface left by Cr particles pulling out. The smaller size o f the Cr 
particles made it easier for the cracks to bypass the particles.
By studying the interaction o f indentation cracks in different samples and by observing the 
fracture surfaces of the pressureless sintered Al20 3~Cr composites, it is clear that insufficient 
or extensive oxygen weakens the Cr/Al20 3 interface; a strengthened interface can be obtained 
by sintering in a graphite powder bed. However, the lack of ductility o f chromium exhibited 
in the pressureless sintered composites seriously inhibits the utilisation of the toughening 
mechanism of plastic deformation o f the metallic Cr.
5.4.3 Factors Influencing the Ductility of Cr in the Al20 3-Cr Composites
5.4.3.1 Ductility of Pure Metallic Chromium
It is believed that the main contribution to the toughening of brittle materials by ductile metal 
inclusions is crack bridging by plastic deformation of metal particles. The ductility o f the 
metal is an important factor in determining the fracture toughness increment of the 
composites. The brittle failure of Cr particles in the Al20 3-Cr composites is evidenced by the
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fracture surface observations in SCI4. A fracture mechanism study o f materials showed that 
chromium has a greater tendency to fail by cleavage than other body-centred cubic metals 
(Gandhi & Ashby, 1979). Thus, the ductility of pure chromium is a concern.
In common with other b. c. c. metals, such as tungsten (W), molybdenum (Mo) and iron (Fe), 
the ductility o f chromium is temperature dependent, i.e. the transition from ductile to brittle 
fracture occurs with decreasing temperature. The transition temperature for iron is well below 
0°C. In the case of chromium, this temperature is above room temperature and shows a very 
sharp transition from brittleness to ductility over a range of only a few degrees of temperature 
(Sully, 1952). Brittle fracture in chromium below its transition temperature is transcrystalline. 
It is unclear whether chromium is inherently brittle at room temperature or if brittleness is 
associated with some other factors (Allen et al, 1963, Maykuth et al, 1955, Nambu et al, 
1995, Spachner & Rostoker, 1958, Sully et al., 1952, Wain et al, 1954). Generally, the 
ductility o f chromium is influenced by purity, surface condition and metallurgical structure 
(Wain, 1957).
Chromium produced by a powder metallurgy route and sintered in pure hydrogen, exhibited a 
sharp transition from plastic deformation to brittle cleavage failure over a narrow temperature 
range (Sully et al., 1952). The transition temperature varied from 50 °C to 390 °C depending 
on the purity o f starting materials, and was raised by other alloying elements, such as iron, 
silicon, aluminium, nickel and copper. It was suggested that this effect depended on the solid- 
solution hardening produced by the additions.
Wain et al (1954) produced room temperature ductility in tension and bending using high 
purity chromium (oxygen 0.06 wt %, nitrogen 0.005 wt %, carbon less than 0.005 wt %). 
Nitrogen in small amounts, probably in solid solution, has been shown to produce room- 
temperature brittleness in chromium. Oxygen did not appear to be effective in this regard.
A room temperature ductile wrought and recovered chromium was produced with a total 
impurity content of 39 to 95 ppm (Allen et al, 1963). About 100 ppm C, O and N raised the 
transition temperature of wrought chromium from 20°C to 180°C.
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Thus, there is evidence that sufficiently pure chromium is ductile at room temperature. 
Impurity elements such as nitrogen, oxygen, carbon and sulphur, were identified as 
embrittling agents. Of these, nitrogen has usually been considered as the most detrimental 
factor. Oxygen, on the other hand, appears to have no effect even in amounts greatly in excess 
o f the solubility limit (Wain et a l 1954). It was found that oxygen fractions from 0.012 to 
0.87 % have no appreciable effect on the transition temperature (Sully et al., 1952). The 
detrimental effect of carbon on the ductility of chromium was also recognised. Smith & 
Seybolt (1956) found that the transition temperature o f chromium increased with increasing 
carbon content. It was noticed that chromium could not be bend ductile at room temperature if 
it contained in excess o f 0.01 % carbon (Maykuth et al., 1955). In cases o f carbon content of 
more than 0.50 %, it was impossible to prepare test bars of chromium without cracks (Cairns 
& Grant, 1964).
Fractography studies o f chromium showed that brittle fracture o f chromium below its 
transition temperature is transcrystalline (Sully et al., 1952, Wain et al., 1954). The cleavage 
fracture o f chromium probably occurs along {100} planes as in other body-centred metals. It 
does not appear that brittleness caused by nitrogen is the result of formation o f weak grain- 
boundary films. The most promising explanation of the behaviour o f chromium is one based 
on “Cottrell locking” effects in which the dislocations are locked by nitrogen atoms. If the 
nitrogen content is reduced below a critical concentration with respect to the dislocation 
density, significant Cottrell locking does not occur and the material is ductile. Also, increasing 
the temperature provides thermal energy, which reduces the effectiveness with which 
dislocations are anchored by nitrogen atoms, so that a temperature is reached at which 
dislocation locking is ineffective and the material becomes ductile.
By examining microstructures, Cairns & Grant (1964) suggested that carbides located at grain 
boundaries were responsible for raising the transition temperature by making crack initiation 
easier. Different from the role o f nitrogen, an increasing tendency to intercrystalline failure 
was found as the carbon content increased (Smith & Seybolt, 1956). For carbon contents up to 
0.12 % the fracture was completely intercrystalline. This may be caused by the formation o f 
carbon films at grain boundaries.
Chapter 5 Mechanical Properties o f  the Pressureless Sintered AUO ,-Cr Composites______________________________
141
The effect o f grain size on the ductility of chromium is unclear. The transition temperature 
increased by 125 °C on increasing the grain size from 0.05 mm to 2 mm (Cairns and Grant, 
1964). Thus, it was concluded that the chromium is not particularly sensitive to grain size.
However, the fundamental reason for the ductile-to-brittle transition in chromium is still 
obscure and studies o f brittle fracture mechanisms resulting from impurity elements are 
absent.
5.4.3.2 The Influence of Ductility of Chromium on the Toughening of the Pressureless 
Sintered Al20 3-Cr Composites
The observations o f the fracture surfaces and the interaction of cracks with Cr inclusions in 
the pressureless sintered Al20 3-Cr composites have shown that the interfaces o f Al20 3/Cr can 
be strengthened by proper control o f the sintering environment, but despite that the chromium 
did not deform plastically. The brittle failure o f chromium is mainly transgranular in SCI4. 
Using the DCB method, it was seen that the contribution to the toughness from additions o f 
Cr particles was not significant for this sintered sample.
It is noticed that the carbon content in the coarse Cr powder is 0.02 %, as quoted by the 
supplier. This may be high enough to increase the brittle-to-ductile transition temperature 
above room temperature. Further, in this study, a graphite powder bed was used during 
sintering in order to control the oxygen partial pressure and in turn to improve the 
densification and mechanical properties o f the Al20 3-Cr composites. This processing may also 
introduce higher carbon concentrations.
A higher concentration of carbon was associated with the chromium particles than in the 
matrix in SCI4 as determined by SEM-WDX (Figure 3.14). The carbon distribution in the Cr 
particles and in the matrix is relatively uniform in SCI2 and there is no obvious evidence of 
carbon concentration associated with the Cr particles. The only difference between these two 
specimens is the sintering atmosphere. Thus, it is suggested that the higher carbon content in 
the Cr particles in SCI4 may be from the sintering environment. Further, interfaciai films with 
a slightly higher carbon concentration were found at the Cr/Cr and Cr/Al20 3 interfaces by 
TEM.
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A  more surface sensitive technique, X-ray photoelectron spectroscope (XPS), was used to 
investigate further. Due to charging problems, all peaks moved to higher binding energies. 
Using the carbon peak as a reference, the Cr 2p3/2 peaks are located at 574 eV and 576.9 eV 
(Figure 5.15 (a)), which are consistent with the theoretical binding energies o f metallic Cr 
2p3/2 and Cr20 3 2p3/2 at 574.1 eV and 576.6 eV, respectively. Figure 5.15 (b) shows the C ls 
XPS core-level spectrum. Although the specimen was carefully cleaned before being put into 
chamber, the surface was still contaminated by different carbon sources. However, the 
chromium carbide peak could be identified. Combining all the results from SEM, TEM and 
XPS, it may be concluded that chromium carbide does exist in SCI4. However, it was not 
possible to quantity the carbon content due to surface contamination and the variation o f the 
carbon content with depth in the specimen. It is noted that almost all o f the chromium 
particles on the fracture surface of SCI4 showed transgranular failure. It is expected that the 
ductility o f chromium could be improved at temperatures beyond the ductile-to-brittle 
transition temperature and it would contribute more to toughening o f alumina ceramics.
The influence o f particle size on the ductility o f chromium could not be confirmed by the 
results from the pressureless sintered specimens. The SCI4 and SFIV1 specimens were 
fabricated under identical conditions but with different particle sizes. Although the Cr/Al20 3 
interface in SFIV1 was relatively weak, cleavage failure of Cr particles was also present in 
SFIV1. It is rare to see Cr particles deformed plastically in both specimens. Thus, it seems 
that particle size did not influence the ductility o f chromium in the pressureless sintered 
specimens.
5.4.4 Thermal Shock Behaviour of the Sintered Al20 3-Cr Composites
5.4.4.1 Results
The results from the thermal shock tests on S-A120 3, SCI4 and SFIV1 are shown in Figure 
5.16 and Figure 5.17. By 3-point bending test, the mean room temperature flexural strength of 
the sintered alumina is 320 ± 25 MPa which is in agreement with the literature for a fine 
grained, sintered alumina (Davidge & Tappin, 1967, Gupta, 1972). The room temperature 
strengths for SCI4 and SFIV1 are 181 ± 8  and 264 ± 27 MPa, respectively. Adding fine Cr 
particles to an A120 3 matrix resulted in a decrease in the initial strength and an even greater
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degradation in initial strength resulted from using coarse Cr powder. Such a decrease in 
strength may result from the presence o f large flaws acting as sites for crack initiation. 
Freytag et al. (1973) found that the flexural strength o f sintered Al20 3-Cr composites 
decreased with increasing volume fraction o f Cr because Cr particles acted as pores. It has 
been observed that in SCI4 cracks are visible on the Cr particles and these may act as the 
fracture origin. This can severely reduce the strength of the composite. In SFIV1, the Cr 
particle size is smaller as the fine Cr powder was used and the composite is stronger than 
SCI4.
The retained strength o f S-A120 3 with temperature difference (AT) is shown in Figure 5.16 (a). 
The retained strength is unaffected by an increase in the quenching temperature until the 
temperature change exceeds 175 °C. At AT=200 °C, all samples exhibit an abrupt decrease in 
strength from 320 ± 25 MPa (room temperature) to 100 ± 32 MPa and only 31.2 % o f the 
initial strength is retained. With further increases in the temperature difference, the retained 
strength degrades gradually. Thus, for S-A120 3, ATC is between 175 °C and 200 °C. This is 
consistent with experimental data presented in the literature for alumina (Davidage & Tappin, 
1967, Gupta, 1972, Hasselman, 1970) and theoretical predications (Hasselman, 1969).
Although adding both coarse and fine Cr particles to A120 3 decreased the initial strength o f the 
pressureless sintered Al20 3-Cr composites, they exhibit different thermal shock behaviour as 
shown in Figure 5.16 and Figure 5.17. For the SFIV1 fabricated from fine Cr powder (Figure 
5.16(b)), the initial strength is retained until AT = 300 °C. At this point the retained strength 
drops to 94 ± 2 MPa, which is 36 % of the initial strength. With further increase in the 
quenching temperature, the retained strength decreases gradually. The critical temperature 
difference (ATC) for SFIV1 is between 250 °C and 300 °C. Although the initial strength of 
S-A120 3 is higher than that of SFIV1, after AT > 200 °C quenching, the retained flexural 
strengths of SFIV1 are greater than those of S-A120 3.
The retained strength versus temperature difference for SCI4 is shown in Figure 5.16 (c). Over 
all the range o f quenching temperatures, the retained strength degrades gradually and no 
obvious ATC value can be defined. The retained strength of SCI4 for AT > 200 °C is greater 
than that observed for S-A120 3. After 600 °C quenching, the flexure strength o f SCI4 is 42 %
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of its initial value, compared to 12 % for S-A120 3. Thus the features of thermal shock 
behaviour of SCR are low initial strength and a gradual decrease in retained strength with 
increasing severity o f thermal shock.
5.4.4.2 Discussion
S-A120 3 showed a thermal shock behaviour which is typical of high strength, brittle ceramics. 
SFIV1 acted as a high strength ceramic, but showed an improvement in ATC and retained 
strength for AT>ATC. SCR behaved as a refractory-like material with a low initial strength 
and gradual strength degradation with increasing severity of thermal shock.
It is possible to rank the thermal shock behaviour o f these three materials using the thermal 
shock resistance parameters which have already been discussed in Section 5.3.2. Several 
material properties must first be measured before assessing the thermal shock behaviour o f the 
materials. The strength and fracture toughness o f these three materials have been reported in 
Table 5.3. Since the second phase is discontinuous, it is assumed that the coefficient o f 
thermal expansion o f the composites would be similar to that of monolithic alumina, because 
the matrix would be expected to constrain and prevent the expansion o f the Cr particles at 
elevated temperatures. The Poisson’s ratio o f the composite materials was calculated by law 
of mixtures using Equation 5.5. Young’s moduli for the composites were estimated using 
Equation 5.4.
Table 5.5 lists the calculated thermal shock parameters (R and R” ” ) for S-A120 3, SFIV1 and 
SCR using Equation 5.8 and Equation 5.10. S-A120 3 has the greatest R value, and that for 
SFIV1 is slightly lower. SCR has the lowest R value. Referring to Equation 5.8, Young’s 
modulus of the materials is the most uncertain parameter. Considering the weak interfaces of 
SFIV1, it is reasonable to assume that the Yoimg’s modulus of the composite is lower than 
predicted by Equation 5.4. Sintered Al20 3-Fe composite showed a much lower Yoimg’s 
modulus, 258 MPa, compared with the value o f 344 MPa predicted using Equation 5.4 
(Aldridge, 1996). Arnold et al (1996) suggested the Yoimg’s modulus o f a composite, for 
which the phase properties are extremely dissimilar, could be predicted as
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(5.11)
where
A = 2.598/~2/3 (5.12)
and
B = 1.612/~ 1/3 (5.13)
Accordingly, the Young’s modulus o f sintered Al20 3-Fe composite is 282 GPa, which is a
Al20 3-Cr is predicted to be 301 GPa by Equation 5.11. When the new value is substituted into 
Equation 5.8, the R value of SFIV1 is slightly higher than that o f S-A120 3. This ranking may 
broadly support the experimental data presented in Figure 5.16 and Figure 5.17. Although the 
initial strength o f SFIV1 is lower than that o f S-A120 3, it showed an increase in ATC. The R” ”  
values suggest that S-A120 3 is less likely than the two composites to resist crack propagation, 
and the largest R” ”  value for SCI4 indicates a relatively high resistance to crack propagation 
and strength degradation, as shown in Figure 5.17. The influence o f Young’s modulus, 
Poisson’s ratio and initial strength act on crack initiation and crack propagation in opposite 
ways as shown in Equation 5.8 and Equation 5.10. The addition o f Cr reduced the Young’s 
modulus which benefits the R value. As the strengths were also reduced, this counteracts 
significant improvement in the R parameter and, hence, critical temperature, ATC, for the 
sintered Al20 3-Cr composites. Actually, when considering that the Young’s modulus o f the 
sintered alumina may be lower than 398GPa, due to its higher porosity, the R value of 
S-A120 3 and o f SFIV1 may be quite similar to each other, whereas SCI4 has the lowest 
R value which may indicate a lower ATC for SCI4. The retained strength decreases with 
temperature difference gradually in SCI4. Cracking may start at a lower AT, but crack 
propagation is minimal because of its high resistance to thermal shock damage. The increased
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much better fit with the measured value o f 258 GPa. The Young’s modulus o f the sintered
fracture toughness, low initial strength and Young’s modulus of SCI4 are responsible for the 
increased resistance of crack propagation. Similar refractory-like behaviour to that o f SCI4 
was also found in several other ceramic matrix composites (Bayuseno et al., 1999, Lutz & 
Swain, 1991, Schon et al, 1994). In this case increasing Cr particle size led to increasing 
resistance to thermal shock damage. The effect o f microstructure on the observed thermal 
shock behaviour is quite evident.
Although certain material properties were based on estimations, the preliminary thermal shock 
analysis broadly supports the results obtained experimentally. It is envisaged that further work 
concerning the measurement of the Young’s modulus, heat transfer coefficient (h) and the 
thermal conductivity of the three materials, would lead to more accurate estimation o f the 
thermal shock behaviour of the composites.
5.5 Summary
The techniques for mechanical property testing, including hardness, indentation fracture 
toughness, double cantilever beam testing, flexural strength and thermal shock behaviour of 
the composites, were described in detail. The results from the mechanical property 
assessments o f the pressureless sintered Al20 3-Cr composites were reported and discussed.
It has been shown that sintering environment is crucial in determining the microstructure o f 
the pressureless sintered Al20 3-Cr composites which in turn determines the mechanical 
properties o f the composites by modifying the Cr/Al20 3 interfacial behaviour. Air is not a 
suitable sintering atmosphere in terms of achieving a high density and mechanical properties 
due to the extensive interfacial oxidation. The Al20 3/Cr interface was weak when sintering 
occurred in an argon atmosphere. This severely inhibits toughening o f the A120 3 matrix by 
plastic deformation o f metal particles. In the case where the composite was sintered in a 
graphite powder bed, a fracture toughness increase was measured by the indentation method 
and by DCB testing. The oxidation and reduction reaction at the Al20 3/Cr interface during 
sintering strengthened the interface. However, the increase in fracture toughness was small. 
Studies o f the interactions o f indentation introduced cracks with the microstructure and 
fracture surface observations showed that the toughening is mainly from crack deflection and 
crack blunting by the big Cr particles. The brittle failure of the chromium was identified.
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As with other b.c.c. metals, chromium exhibits a brittle-to-ductile transition with increasing 
temperature. Although a fundamental study of ductility of pure chromium is still absent, it is 
believed that sufficiently pure chromium is ductile at room temperature. Embrittling elements, 
such as nitrogen, oxygen and carbon, were identified in raising the transition temperature 
above room temperature. Detailed microstrnctural studies showed a higher carbon content 
associated with chromium particles in the composite which was sintered in a graphite powder 
bed. The cleavage fracture o f Cr severely inhibits the use of plastic deformation o f the metal 
to toughen the ceramic.
The thermal shock behaviour of the sintered A120 3 and Al20 3-Cr composites with different 
particle sizes was studied by water quench testing. Although the initial strengths o f the two 
composites were lower than the monolithic A120 3, SFIV1 with fine particle size exhibited an 
improved ATC and SCI4 with coarse particle size showed gradual strength degradation with 
increasing temperature difference (AT). Thus, the thermal shock resistance of SFIV1 has been 
shown to be greater than for the monolithic alumina. SCI4 is more like a refractory material, 
which is more resistant to thermal shock damage. It was thought that the increased toughness, 
low initial strength and low Yoimg’s modulus o f the composite are the primarily reasons for 
the greater strength retention following quenching.
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Table 5.1 Young’s modulus and Poisson’s ratio of 
A120 3, Cr, Ni and the Al20 3-Cr composites
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Material Young ’ s modulus 
(GPa)
Poisson’s ratio
A120 3 398* 0.232*
Cr 248** 0.21**
Ni 207** 0.31**
Al20 3-Cr 366# 0.23im
* data from Morrell, 1987 
** data from ASM, 1979
# calculated using Equation 5.4 
## calculated using Equation 5.5
Table 5.2 Dimensions of SCI4 for DCB testing
Specimen h ip tp £ In b0
(nun) (mm) (mm) (nun) (mm) (mm)
SCI4 5.70 16.86 2.16 0.95 3.48 4
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Table 5.3 Mechanical properties of the pressureless sintered A120 3 and Al20 3-Cr composites
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Specimen Hardness
(GPa)
Indentation toughness 
(MPa m1/2)
Flexure strength 
(MPa)
S-A120 3 16.3+0.4 3.2+0.2 320+25
SCR 13.0+1.1 5.0+0.7 181+8
SFIV1 12.7+0.6 6.2+0.8 264+27
Table 5.4 DCB testing results for SCR
Load Crack Length K,
(N) (mm) (MPa m1/2)
55.6 2.3 3.2
58.7 3.5 3.8
61.5 5.1 4.5
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Table 5.5 Summary o f relevant mechanical and thermal properties 
o f S-ALA, SCI4 and SFIV1
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Specimen S-A120 3 SCI4 SFIV1
ar (MPa) 320 181 264
E* (GPa) 398 366 366
E** (GPa) 399 301 301
D 0.232 0.23 0.23
IClc (MPa m1/2) 3.2 5.0 6.2
a 8.9 8.9 8.9
R* 70 43 63
130 990 716
R** 70 52 77
* Young’s modulus calculated using Equation.5.4
** Young’s modulus calculated using Equation 5.11
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Figure 5.1 Schematic illustration of double cantilever beam testing specimen configuration
and testing arrangement
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Figure 5.2 Crack length and strength as a function of temperature difference
(after Hasselman, 1969)
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Figure 5.3 A n indentation in S-AI2O 3
Figure 5.4 An indentation crack in SCI1
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Figure 5.5 An indentation in SCI2 show ing the ill-defined im pression
F igure 5.6 Interaction o f  an indentation crack w ith C r partic les 
in SCI2 show ing the w eak interface
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Figure 5.7 (a) In teraction o f  indentation cracks w ith  irregularly shaped C r partic les in S C R  
(b) a h igher m agnification photom icrograph  o f  interaction o f  an indentation crack w ith  the 
sm aller C r partic les around a larger C r particle
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Figure 5.8 SEM  photom icrograph  show ing an indentation crack 
frictional bridging by a C r particle in SIC4
Figure 5.9 Interaction of an indentation crack with Cr particles in SFIV1
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F igure 5.10 Stress in tensity  factor as a function o f  crack length for specim en S C R
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Figure 5.12 A fracture surface o f  SCI2
Figure 5.13 A fracture surface of SCI4
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Figure 5.14 A fracture surface o f  SFIV1
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Binding Energy /eV
B inding Energy /eV
Figure 5.15 XPS spectrum  on the SCI4 surface
(a) C r 2p core level spectrum  w ith curve fitting
(b) C Is  core level spectrum  w ith curve fitting
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Temperature difference, AT (°C)
F igure 5.16 R etained  strength  as a function  o f  quenching tem perature d ifference AT for
(a) S-AI2O 3, (b) S FIV 1, and (c) SCI4
Temperature difference, AT (°C)
F igure 5.17 R etained  strength  as a function  o f  quenching tem perature d ifference AT for
AI2O3, SC I4 and SFIV1
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Chapter 6 
The Influence of Microstructure on the Mechanical Properties of 
the Hot Pressed Al20 3-CrxNi1.x (x=0-l) Composites
6.1 Introduction
Chapter 6 discusses the mechanical properties of the hot pressed Al20 3-CrxNi1.x (x=0-l) 
composites and the Al20 3-Cr nanocomposites. The brittle failure of chromium in the Al20 3-Cr 
micro-composites has been identified in Chapter 5. Increasing the Ni content in the metallic 
phase changes the crystal structure from b.c.c. to f.c.c. which affects the ductility of the 
metallic phase. The influence of alloying on the metallic inclusions used to reinforce alumina 
is discussed in the first part of this chapter. The microstructural characterisation of the 
Al20 3-Cr nanocomposites has been described already in Chapter 4. The effect of the 
microstructural development on the mechanical properties of the Al20 3-Cr nanocomposites is 
given in the second part of this chapter. The final section is a general discussion.
6.2 Mechanical Properties of the Hot Pressed Al20 3-CrxNit_x (x=0-l) Micro-Composites
6.2.1 Hardness and Indentation Behaviour
The indentation method was used to assess the hardness and the fracture toughness of the hot 
pressed Al20 3-Cr, Al20 3-Cr80Ni20 and Al20 3-Cr20Ni80-2 composites and the results are 
shown in Table 6.1 along with the mechanical properties of an Al20 3-Ni composite (taken 
from Sun, 1993). The Al2O3-20vol%Ni composite was fabricated by mixing A120 3 AKP-30 
powder and Ni powder (particle size: 2 - 7  pm) and then hot pressing at 1400 °C for 
30 minutes.
The hardness and indentation fracture toughness of the hot pressed monolithic A120 3 were 
17.5 ± 0.8 GPa and 3.4 ± 0.2 MPa m1/2, respectively. Adding Cr decreases the hardness and
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increases the indentation fracture toughness. The low hardness value for HFIII1 hot pressed at 
1350 °C resulted from its low density and high porosity. By increasing the hot pressing 
temperature to 1400 °C, denser materials were obtained. However, it is still difficult to 
perform a well-defined indentation on these specimens although the particle size is much 
smaller than the diamond impression. Non-classical cracking and lateral cracks around the 
indentation impression can be seen (see Figure 6.1). Thus, the use of these crack lengths to 
estimate fracture toughness must be treated with caution.
The indentation behaviour of HFIV1 was more classical than that of the HFIII series of 
composites. This may result from the more homogeneous distribution of the Cr inclusions in 
HFIV1. No radial cracks from the indentation were found when the indentation load was 
lower than 392 N, which may indicate an improved indentation toughness. The hardness of 
HFIV1 under a 392 N indentation load is slightly lower than that of HFIII series of 
composites.
Increasing the Ni content in the metallic phase decreased the hardness of the composites as Ni 
is softer than Cr. The indentation fracture toughness of the hot pressed composites with 
different amounts of Ni and Cr exhibited similar values to the Al20 3-Cr composites. As the 
Young’s moduli of the Ni/Cr alloys are unknown, values for Cr80Ni20 and Cr20Ni80 were 
calculated using a law of mixtures. However, the ill-defined indentation cracks are more of a 
problem in determining the fracture toughness of the Al20 3-Cr/Ni composites.
6.2.2 Interaction of Indentation Introduced Cracks with the Cr/Ni Particles
To gain maximum benefit from the metallic phase, the cracks should be attracted to the 
inclusions and the interface of the Al20 3/metal should be strong enough to ensure that the 
metal particle participates in crack bridging. Indentation was used to introduce cracks to study 
such interactions. The CTE of Cr is smaller that of the A120 3, whereas those of the Cr/Ni 
alloys are bigger than that of the A120 3 matrix. Thus, it is necessaiy to investigate the 
interaction of cracks with different microstructures to examine the role of thermal mismatch.
Chapter 6 The Influence o f  Microstructure on the Mechanical Properties o f  Hot Pressed A l,Or Ci\ Ni,_x Composites
165
The cracks originating from the apices of indentations in the monolithic alumina are well 
formed and the cracks are straight. For the hot pressed Al20 3-Cr composites, on many 
occasions the indentation cracks go along the Al20 3/Cr interface or the Cr particles fail. There 
is also evidence of crack bridging as Cr particles have been left intact behind the crack (Figure 
6.2). In general the interfaciai bonding between Cr and A120 3 is weak and chromium is brittle. 
The crack path remains relatively tortuous as a consequence of crack deflection by Cr 
particles. It is seen from Figure 6.2 that an advancing crack is attracted to the Cr particles, 
causing a relatively large deflection, which may result from the tensile stress around the Cr 
particle caused by the thermal mismatch.
When 20% Ni is present in the metallic phase, indentation behaviour is very similar to that of 
HFIV1 (Figure 6.3). On increasing the Ni content in the metallic phase to 80%, crack 
deflection and crack bridging are both observed in the Al20 3-Cr20Ni80 composite (Figure 
6.4). The preference for the crack path is along the Al20 3/metal interface in the Al20 3-Cr/Ni 
composites which results from the weak interfaciai bonding.
6.2.3 DCB Testing Results and Fracture Surface Observations
The difficulties encountered in measuring the fracture toughness by the indentation method, 
due to the fact that the classical cracks did not develop, highlight the necessity of assessing 
fracture toughness of ceramic matrix composites by a more reliable approach. There are 
several established techniques for measuring fracture toughness of a ceramic material, such as 
single edge notched beam (SENB), double torsion (DT) and double cantilever beam (DCB) 
methods. Among them the DCB method has been used successfully on several ductile 
inclusion reinforced ceramic matrix composites (Sun, 1993, Trusty, 1994) to asses fracture 
toughness and ICR curve behaviour. Thus, fracture toughness of the hot pressed HFVI1, 
Al20 3-Cr80Ni20 and Al20 3-Cr20Ni80-2 composites was investigated using the DCB method.
Dimensions of the specimens for DCB testing are given in Table 6.2. Results of the DCB 
testing are shown in Tables 6.3, 6.4 and 6.5, with the corresponding KR-curve behaviour of 
these specimens shown in Figure 6.5. Due to the difficulty in measuring the crack length 
using a travelling microscope, only 2 to 4 crack lengths were recorded for each specimen. All
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three samples showed rising R-curve behaviour although the curves do not show an obvious 
plateau region. Similar ICR curve behaviour was observed in the DCB testing of hot pressed 
Al2O3-20vol%Ni and Al2O3-20vol%Fe with K again rising linearly with increasing crack 
length (Sun, 1993, Trusty, 1994). Taking the fracture toughness of hot pressed A120 3 as
3.1 MPa m1/2, from a similar hot pressed alumina specimen (Trasy, 1994), the maximum 
fracture toughness increments are 87 %, 74 % and 67 %, for HFIV1, Al20 3-Cr80Ni20 and 
Al20 3-Cr20Ni80-2 composites, respectively. Thus, adding a Cr or a Cr/Ni alloy to A120 3 leads 
to a material with a higher fracture toughness value.
All the fracture toughness values of the three composites as measured by DCB are lower than 
the values obtained by indentation testing. Energy consumed by the non-classical cracking is 
not considered in any of the existing indention toughness equations. Further the deflection of 
the cracks by the metallic particles means that more fracture surface has been created than 
would be suggested by the centre to end measurement of crack length. Thus, a higher fracture 
toughness is measured by indentation. The indentation technique could be considered suitable 
for ranking materials, but it does not reveal the true fracture toughness of the composites.
The fracture surfaces of these specimens after DCB testing were observed by SEM. There 
were a lot of holes left by the Cr particles being pulled-out (Figure 6.6) which is indicative of 
the weak Cr/Al20 3 interface in HFIV1. Figure 6.7 is a TEM image showing a crack that has 
developed at the A120 3/A120 3 interface and goes along the Al20 3/Cr interface. Cr particles also 
showed brittle failure as exhibited by the pressureless sintered samples. A river pattern is seen 
clearly on a failed Cr particle (Figure 6.8(a)). In contrast to the sintered Al20 3-Cr composites, 
Cr particles which have stretched to failure were also observed on the fracture surfaces. Figure 
6.8(b) shows such a Cr particle which has failed by necking to a line with interfacial 
debonding. In general, the Al20 3/Cr interface, however, is still the favourable crack path.
The fracture behaviour of the Al20 3-Cr80Ni20 composite (Figure 6.9) is very similar to 
HFIV1 in that particle pull-out, cleavage fracture and plastic deformation of Cr80Ni20 
particles were all observed on the fracture surface. The brittle failure of the metallic particles 
disappeared when the Ni content increased to 80% (Figure 6.10). In both cases, the interfacial
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bonding is weak. It has been shown that the weak Al20 3/Ni interface is the preferred crack 
path in A l,03-Ni composites (Sun, 1994).
Examination of the fracture surfaces of these three composites confirmed that the increase in 
fracture toughness is only partly a consequence of plastic deformation of the metallic particles 
leading to crack bridging. In the vast majority of cases, particles visible on the fracture 
surfaces have not been plastically deformed, but failed by cleavage (Cr or Cr80Ni20 
reinforced A120 3 cases) and pulled from their original positions as cracks deflected around the 
particle and along the ceramic/metal interface. This gives rise to holes on the fracture surface 
and angular impressions of matrix alumina grains on the surfaces of the Cr particles with little 
or no evidence of plastic deformation.
6.2.4 Fracture Strength
Due to the limitation on the size of the hot-pressed specimens, bars for flexure strength testing 
were cut from the bulk and then ground to 2 mm x 1.5 mm x 22 mm according to the ASTM 
standard. The fracture strength was evaluated using 3-point bend testing with a span of 
20 mm. Table 6.1 presents the results performed on the monolithic A120 3 and the Al20 3-Cr/Ni 
composites. Compared to the pressureless sintered Al20 3-Cr composites, the fracture strength 
of HFIV1, 440 ± 30  MPa, is higher. However, the strength of HFIV1 is lower than that of the 
hot pressed monolithic A120 3. The densities of both materials are above 98 % TD and the 
A120 3 grain size in the monolithic alumina (2.6 pm), is bigger than that in HFIV1 (1.9 pm). 
The slightly refined grain size did not benefit the strength of the composite greatly. These 
results may imply an increased flaw size by adding Cr particles to an alumina matrix. 
Moreover, the low fracture strengths of the Al20 3-Cr/Ni composites, 353 MPa and 418 MPa 
for Al20 3-Cr80Ni20 and Al20 3-Cr20Ni80-2, respectively, are veiy disappointing. The high 
density of microcracks around the interfaces of A120 3 grains and Cr/Ni particles has been 
shown by TEM (section 3.5.2). Thus, the Cr/Ni particles may act as flaws and reduce 
significantly the strength of the composites.
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6.3 Discussion
Adding metallic Cr/Ni inclusions to A120 3 increased the fracture toughness but decreased the 
fracture strength, i.e. the fracture toughness and fracture strength did not improved 
simultaneously.
The toughening increment of the ductile particulate reinforced ceramic matrix composites is 
determined by the ductility and the gauge length of the metal as well as the interfacial bonding 
strength between the ductile phase and the brittle matrix. Partial debonding of the interface is 
beneficial since it results in a larger crack opening displacement, and therefore a longer 
process zone and a higher fracture toughness. However, partial debonding of the interface is 
very difficult to control for the particulate ductile phase. Therefore, in practice, it is beneficial 
to create strong ceramic/metal interfaces in the composites when the microstructure 
incorporates discrete metallic particles. The morphology of the inclusions is also an important 
factor in determining the degree of ductile particle bridging, especially when the 
ceramic/metal interfacial strength is low. A particle with an irregular shape is more likely to 
deform plastically if it has a degree of mechanical interlocking with the matrix, and its 
bridging potential is likely to be less dependent on the strength of the interface. Conversely, a 
regular, near spherical shaped particle relies on the strength of the ceramic/metal interface to 
bridge a propagating crack successfully.
For the all hot pressed Al20 3-CrxNi,_x composites, the interfacial region is the most 
energetically favourable crack propagation path. Debonding along the interface was the 
dominant crack tip shielding mechanism with less than 5% of the metallic particles deforming 
plastically. The increase in toughness is a result of crack tip deflection on interaction with the 
secondary phase. This leads to crack faces that are rougher than those observed in the 
monolithic alumina. Further, dissipation of energy by frictional interaction may occur as the 
faces separate.
In contrast to the pressureless sintered Al20 3-Cr composites, in the hot pressed Al20 3-Cr 
composites some of the Cr particles deformed plastically to failure during crack propagation 
although the fraction of such Cr particles was low. As a b.c.c. metal with a ductile to brittle
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transition with decreasing temperature, it is possible that the brittleness of Cr in this situation 
is intrinsic. This propensity for brittleness may be enhanced by the effect of impurities. 
Carbon has been identified as one of the main embrittling elements for Cr in SCI4 (see section 
5.4.3). The content of carbon in the fine Cr powder is lower than in the coarse Cr powder, and 
pressureless sintering was conducted in a graphite powder bed, thus the carbon content in 
SCI4 may be much higher than that in HFIV1. A higher carbon concentration at the interfaces 
in SCI4 was confirmed by TEM (section 3.4.3), whereas in HFIV1, the Cr/Cr and Cr/Al20 3 
interfaces are relatively clean. It is reasonable to assume that carbon has a less detrimental 
influence on the ductility of chromium in HFIV1. It is also noticed that in HFIV1 plastic 
deformation only occurred in relatively small Cr particles (less than 20 pm). There is higher 
tendency for bigger Cr particles to show cleavage failure and smaller Cr particles to be 
bypassed. However, so far, no clear relationship between the transition temperature and Cr 
particle size has been confirmed (Cairns et al, 1964).
The detrimental effect of some metallic additions on the transition temperature of chromium 
has been reported (Sully et a l, 1952). Elements like silicon, titanium, tantalum, nickel, 
beryllium, iron, tungsten and alumium are very potent hardeners and make chromium even 
more brittle. The sensitivity of chromium to small amounts of many alloying additions does 
not seem to cause problems through brittle failure of chromium-rich alloys. There is some 
evidence that chromium-based alloys containing rather large amounts of alloying metals (for 
example around 30-40% iron or nickel) are not as sensitive as alloys much richer in chromium 
(Sully et a l, 1952). Normally, Cr is used as alloying element to enhance the wettability of 
some metals, such as Ni and Cu, on ceramics (Crispin & Nicholas, 1976, Kritsalis et a l, 
1990). Due to the high affinity of chromium for oxygen, the Cr-0 clusters at the interface of 
A120 3 and Ni/Cr alloy may promote interfacial bonding (Kritsalis et al, 1992).
The brittle failure of the metallic phase occurred in the Al20 3-Cr80Ni20 composite. The 
ductility of the metallic phase was not improved by adding 20 wt % of Ni. The cleavage 
failure of the metallic phase was suppressed when the Ni content was increased to 80% in the 
metallic phase. The crystal structure of Ni(Cr) is f.c.c. There is no transition temperature for 
f.c.c. metals and they are inherently ductile. Thus, the ductility of the metallic phase is 
improved by replacing 80% of Cr with Ni to form Ni(Cr). The disappearance of brittle failure
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in the Al20 3-Cr20Ni80 composite is quite evident from the observations of the fracture 
surfaces. However, the interfaciai bonding between the Cr/Ni alloy and the ceramic is not 
promoted by alloying Ni to Cr. The high density of microcraclcs at the interfaces both in the 
Al20 3-Cr80Ni20 and Al20 3-Cr20Ni80 composites has been shown clearly by TEM (see 
section 3.5.2). This may be caused by insufficient oxygen at the interface during hot pressing 
01* by the big thermal mismatch between the metallic phase and alumina matrix. It has been 
shown that the fracture toughness did not improve with increasing Ni content in the Cr/Ni 
metallic phase despite the increased ductility of metallic phase. Moreover, the fracture 
toughness of the Al20 3-Ni composite is similar to the Al20 3-Cr composite by DCB testing 
although metallic Ni (f.c.c.) is a much more ductile metal than Cr. This may indicate that the 
weak interfaciai behaviour among these composites is the controlling factor in the toughening 
of discrete ductile particle reinforced ceramic. It would appear* that factors led to strong 
bonding (as in SCI4) also lead to embrittlement of the metallic phase such that the two 
requirements are almost mutually exclusive.
The different requirements for toughening and strengthening mean that the fracture toughness 
and strength did not improve at the same time. The decrease in strength is caused most likely 
by the increased flaw size resulting from adding poorly bonded metal particles. Thus, it is 
necessary to reduce the flaw size by reducing the Cr particle size. Therefore, Al20 3-Cr 
nanocomposites were fabricated.
6.4 Mechanical Properties of the Al20 3-Cr Nanocomposites
6.4.1 Hardness and Indentation Fracture Toughness
Indentation was also used to evaluate the hardness and fracture toughness of the Al20 3-Cr 
nanocomposites. The hardness of monolithic alumina (AKP-50), which was hot pressed at 
different temperatures, was between 17.2 and 17.6 GPa (see Table 6.6). The hardness of the 
Al20 3-5vol%Cr micro-composite, 16.1 ± 0.6 GPa, is lower than that of monolithic alumina 
which results from the relative softness of chromium phase and to a lesser extent from the 
ineffective pinning of the grain boundaries by the micro-sized chromium particles. It is 
noticed that as long as the A120 3 grain size is small (e.g. samples hot pressed at 1450 °C
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(CH2) and 1500 °C (CH3)) the indentation hardness of the Al20 3-5%Cr nanocomposites is 
above 17.7 GPa, i.e. similar to the hot pressed monolithic A120 3. Although adding 5vol% 
nano-sized Cr did not increase the hardness greatly, it does show an improvement compared 
with the low hardness of the Al20 3-5vol%Cr micro-composite. Hardening by a small amount 
of nano-sized metal particles, normally 0 -1 0  vol%, has been shown in several systems, such 
as A120 3-Mo (Nawa et al., 1994) and A120 3-W (Sekino et al., 1995) nanocomposites. 
Increasing the hot pressing temperature to 1600 °C (CH4) resulted in the hardness decreasing 
to 16.8 ± 0.5 GPa. This most likely results from the abnormal grain growth at the higher hot 
pressing temperature, which has been shown in the microstructural observations in section 
4.5.2. The Al20 3-5vol% Cr nanocomposite made from route I (CHI) showed an even lower 
hardness, 15.5 ± 0.6 GPa. This may result from the low density and uneven distribution of Cr 
particles.
The indentation fracture toughness of the nanocomposites is reported also in Table 6.6. The 
indentation fracture toughness of the monolithic alumina (AKP-50) is 3.6 MPa m1/2, while the 
Al20 3-Cr nanocomposites were slightly tougher. The indentation fracture toughness of the 
nanocomposite hot pressed at 1450 °C (CH2) is 4 ± 0.2 MPa m1/2, which is only 10 % higher 
than the value of monolithic alumina. It was found also that the fracture toughness of the 
Al20 3-5%Cr micro-composite is similar to that of the nanocomposites. Most of previous 
reports on Al20 3/metal systems aimed at using the plasticity of the metal to toughen the 
alumina matrix. Thus, interaction of indentation cracks with the Al20 3-Cr nanocomposites 
were studied. As illustrated in Figure 6.11 the cracks are straight and travel along the interface 
of A1,03 and nano-sized Cr particles without any obvious deflection. In one case a crack is 
bridged by a slightly bigger Cr particle (Figure 6.11(b)), but this is a very rare occurrence. 
Thus, the contribution to toughening from the ductile fracture of chromium is small, 
especially when the particles are small and spherical. In the Al20 3-5%Cr micro-composite, an 
advancing crack bridged by a Cr particle could be seen, but the interface of Al20 3/Cr is still 
the preferred cracking path in the majority of cases (Figure 6.12).
For a composite with a microstructure of discrete second-phase particles, the number of crack- 
particle intersections may be proportional statistically to the dispersoid volume fraction 
(Sbaizero and Pezzotti, 2000). Based on a crack bridging mechanism, Pezzotti et al. (1995)
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predicted that at least 20 vol % of second metallic phase is necessary to achieve an obvious 
toughening of composites. The low effectiveness of a small volume content of micro-sized 
metallic particles on toughening has been also recognized experimentally, e.g. fracture 
toughness of an Al20 3-6vol% Ni composite is the same as the parent material (Tuan et al., 
1990). In this work, the similar indentation fracture toughness values of the Al20 3-5vol% Cr 
micro- and nanocomposites and the parent alumina show that low volume fractions of Cr 
particles do not contribute significantly to toughening. Further, the alumina matrix is in 
tension due to the thermal mismatch between Cr and A120 3. Crack propagating through a 
tensile stress region would be promoted and hence is detrimental to toughening. However, the 
slightly increased indentation fracture toughness implies that there should be a toughening 
mechanism which counteracts the negative factors that decrease the fracture toughness. The 
fracture mode change from intergranular failure for the monolithic A120 3 to transgranular 
failure for the Al20 3-Cr nanocomposites may benefit toughening which will be further 
discussed in section 6.4.3.
The elongated alumina grains in the nanocomposite sintered at 1600 °C could increase the 
fracture toughness by causing deflection or crack bridging. Actual bridging of a propagating 
crack by A120 3 was found at some positions. However, the indentation fracture toughness was 
not improved for the higher temperature sintered nanocomposite. Rather, it decreased with 
increasing hot pressing temperature. The formation of a glassy phase may have weakened the 
interfaces and thus lowered the fracture toughness.
6.4.2 Flexure Strength
The fracture strength of the monolithic A120 3 and the Al20 3-Cr nanocomposites hot pressed at 
different temperatures are given in Table 6.6 together with the fracture strength of the 
Al20 3-5vol%Cr micro-composite. The fracture strength of the monolithic alumina (AKP-50) 
hot pressed at 1400 °C for 30 minutes, 425 ± 86 MPa, is lower than for that sintered at a 
higher temperature (1450 °C/1 hour), 475 ± 12 MPa. Although the grain size of the low 
temperature sintered one is finer than that of higher temperature sintered one, its density is 
lower. Thus a combination of the two effects determines the final strength value. In order to 
investigate the true effect of nano-sized particles on the mechanical properties, the comparison
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of mechanical properties of nanocomposites and the parent material should be based on 
micro structures with the same density and grain size. Although several monolithic A120 3 
specimens were fabricated at different temperature and time schedules, the smallest grain size 
achieved by hot pressing at the lowest temperature of 1400 °C was 2.7 pm with a density of 
98.2 %TD. It was not possible to produce pure alumina with a grain size similar to that found 
in the nanocomposites without adding any additives.
Adding nano-sized chromium particles increased the fracture strength significantly. The 
highest strength, 736 + 29 MPa, was obtained by hot pressing at 1450 °C for 1 hour (CH2). 
The fracture strength of the nanocomposites decreased with increasing hot pressing 
temperature and dropped to 540 ± 44 MPa for the sample hot pressed at 1600 °C (CH4).
Fracture strength improvements can be obtained by fracture toughness increments and/or flaw 
size reductions. In the case of the Al20 3-Cr nanocomposites in this study, the fracture 
toughness increments are modest (see Table 6.6). Thus, it is reasonable to assume that a 
reduction in the flaw size is contributing more to the strengthening. In general, flaw size is 
related to grain size in dense polycrystalline materials. Therefore, the strength would increase 
with decreasing grain size. Figure 6.13 shows the strength of the hot pressed A120 3 and 
Al20 3-Cr nanocomposites as a function of alumina grain size. It exhibits a linear relationship.
It is evident that the improvement in the fracture strength is the consequence of the 
microstructure refinement by adding nano-sized chromium dispersoids.
The detrimental effect of the microstmcture with inhomogeneously distributed Cr (CHI) as in 
the material made by powder processing route I is reflected in the low fracture strength 
(447 MPa). The low density caused by agglomerations may be responsible for the low 
strength of this specimen. The influence of processing details on the mechanical properties is 
significant.
It is noted that the fracture strength of the Al20 3-5vol%Cr micro-composite is comparable to 
the monolithic alumina, but is much lower than the nanocomposites. The inefficient role of 
micro-sized Cr particles in pinning grain boundaries leads to lower strength values. Further,
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micro-sized Cr particles may act as the site of crack initiation because of the weak Cr/Al20 3 
interface. Therefore, a microstructure with a homogeneous distribution of nano-sized Cr 
dispersoids is beneficial in terms of strengthening.
6.4.3 Fracture Surface Observations
Fracture surfaces of the A120 3 and the Al20 3-Cr nanocomposites exhibit different features. 
The fracture of monolithic alumina is mainly of intergranular type. Some of the slightly 
bigger alumina grains showed intragranular fracture (Figure 6.14). Adding 5 vol% nano-sized 
chromium changes the fracture mode to intragranular failure (Figure 6.15). It is difficult to see 
any plastically deformed Cr particles on the fracture surface of the Al20 3-Cr nanocomposites. 
Sometimes spherical, slightly bigger chromium particles, usually sitting at grain boundaries, 
protruding from the fracture surface can be seen.
The fracture mode change is also a feature of extensively investigated Al20 3-SiC 
nanocomposites. As discussed in section 2.3.4.4, it is assumed that the fracture mode change 
is caused by thermal mismatch between A120 3 and SiC. Considering the Al20 3-Cr 
nanocomposite, the CTE of Cr (6.2 xlO'6 °C) is smaller than that of A120 3 (8.9><1 O'6 °C), and 
the mismatch is comparable with Al20 3-SiC nanocomposites. In the monolithic alumina, 
residual stresses arise at interfaces because of thermal expansion anisotropy of alumina grains 
during cooling. As a crack propagates, the interfaces under residual traction are preferred 
paths and the predominant fracture is intergranular. In nanocomposites, the high tensile hoop 
stress around intragranular Cr particles, caused by a lower CTE of Cr than that of A120 3, 
attracts the crack to the alumina grains. Intragranular Cr particles near to the grain boundary 
can cause a small clapping effect and strengthen the A120 3-A120 3 interface. Grain boundary 
strengthening also leads to a reduction in surface grain pullout during grinding. This may also 
increase the wear resistance. Further evidence for a strengthened interface is that the surfaces 
of the Al20 3-Cr nanocomposites are easily polished to a mirror finish.
As shown by microstructural observations, intergranular-type Al20 3-Cr nanocomposites are 
fabricated in which about 70 % (in number) of the Cr particles are located at grain boundaries 
and triple points, while only 30% of the Cr dispersoids are trapped inside the A120 3 grain. The
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small amount of intragranular Cr particles may not be able to account for the complete 
fracture mode change. It is assumed that the majority of intergranular Cr particles may have a 
role in the fracture mode change by deflection of cracks into alumina grains. Xu et al. (1997) 
fabricated Al20 3~5vol%SiC nanocomposites with 30 % intragranular SiC nano-dispersions 
and 70 % intergranular SiC nano-particles. Although the fracture mode was trangranular 
failure for nanocomposites, it was found that the crack did not interact with the intragranular 
particles smaller than a certain size. The transgranular fracture was caused by big SiC 
particles sitting at intergranular' positions and deflecting the cracks. Detailed TEM work on 
the interaction of cracks with SiC particles in Al20 3-SiC nanocomposite (Jiao et al., 1997) 
confirmed this occurrence. Thus, cracks deflected inside alumina grains by intergranular Cr 
may contribute to transgranular failure in Al20 3-Cr nanocomposites.
With increasing hot pressing temperature, the tendency to intergranular failure increased. The 
glassy phase formation at higher processing temperatures may weaken the interface and attract 
a propagating crack to the interface. As the ratio of intra-/intergranular particles is not changed 
with increasing hot pressing temperature, as shown in Table 4.2, intergranular failure most 
likely results from the interfacial weakness. This may also account for the slight decrease in 
fracture toughness for the higher temperature fabricated Al20 3-Cr nanocomposites.
6.5 General Discussion
The KR-ciu'ves obtained by DCB testing for the pressureless sintered Al20 3-Cr composite 
(SCI4) and the hot pressed Al20 3~CrxNij_x composites, as well as the Al20 3-Ni composite 
measured by the same method (data from Sun, 1994), were summarised in Figure 6.5. All 
these materials are tougher than the parent A120 3. The value of fracture toughness for SCI4 is 
lower than those of the hot pressed composites. Considering all the hot pressed Al20 3-CrxNi,_x 
composites and the Al20 3-Ni composite, there is no composite which has a significantly 
higher degree of ductile particle bridging than the others, even though the metallic phases 
have inherently different ductilities. Among the hot pressed composites, the highest fracture 
toughness, 5.8 MPa m1/2, was achieved by the Al2O3-20vol%Cr composite. This value is 
comparable to values measured for other Al20 3-metal systems. The indentation results showed 
that Al20 3-5vol%Cr nanocomposites are slightly tougher than the parent A120 3 and a similar
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fracture toughness value was exhibited by the micro-composite with the same volume fraction 
of Cr, but these values are lower than those for the 20vol% micro-scale Cr particle toughened 
A120 3.
The fracture toughness of the sintered Al20 3-Cr composite with strengthened interfaces 
(SCR) was the highest of all the sintered samples. However, the improvement is limited by 
the brittle fracture of Cr. Although the strengthened Al20 3/Cr interfaces and lower CTE of Cr 
than A120 3 are desirable in terms of utilising the ductility of the metallic phase, the factors that 
led to the strong interface also embrittled the Cr. The cleavage failure of Cr contributes less to 
toughening than the plastic deformation of metal and hence the increase in fracture toughness 
is small in this sintered sample. Cr showed some degree of plastic deformation and benefitted 
the toughening in the hot pressed Al2O3-20vol%Cr. However, none of the Ni/Cr particle 
reinforced A120 3 composites appear to be able to exploit the full potential of the ductile phase 
as evidenced by the similar values of fracture toughness, regardless of the particle size, shape 
and difference in residual thermal stress. Weak interfaces exhibited in all these specimens, 
especially in the alloy reinforced A120 3, limit the use of the ductility of the metal. The 
toughening resulted predominately from crack deflection by the metallic particles.
It can be seen that small metallic particles are readily bypassed and contribute less to 
toughening, especially when the particle size is in the nano-scale as in the Al20 3-5vol%Cr 
nanocomposites. There is no obvious toughening from crack bridging, and toughening from 
crack deflection by nano-sized Cr is also negligible due to the size effect. The fracture mode 
change from intergranular failure for monolithic alumina to transgranular failure for the 
nanocomposites is beneficial to toughening. However, from the low toughness value of the 
Al20 3-Cr nanocomposites it can be confirmed that toughening from residual thermal stress is 
limited. With increasing volume fraction of Cr, the tensile residual stress in the A120 3 matrix 
increases and is detrimental to toughening. However, the toughening resulting from crack 
deflection and crack bridging in the Al2O3-20vol% Cr suppressed the detrimental effect from 
the thermal mismatch.
It was noted that the Al20 3-5vol%Cr micro- and nano-composites had similar values of 
fracture toughness. Thus, it might be suggested that an Al2O3-20vol%Cr nanocomposite
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would have the same fracture toughness as the Al2O3-20vol%Cr micro-composite. This is 
unlikely to be the case as large particles are known to be more effective at crack bridging.
The larger particles, as in the pressureless sintered Al20 3-Cr composites and the hot pressed 
A l,03-Cr/Ni micro-composites, however, increased the flaw size, especially as the interfacial 
bonding is weak, and a lower strength resulted. The refinement of the microstructures in the 
Al20 3-Cr nanocomposites by the pinning effect of the homogeneously distributed nano-sized 
Cr particles reduced the flaw sizes and improved the strength. In the Al20 3-5vol%Cr 
nanocomposites, fracture strength and fracture toughness have been improved, but fracture 
toughness is not as high as in the Al2O3-20vol%Cr composites. As there are different 
requirements for toughening and strengthening, a desirable particle size range may exist in 
which particles are sufficiently large, such that they are not bypassed easily and deform 
plastically, to give toughening, and at the same time they are uniformly distributed and 
smaller than the matrix grain, such that they do not increase the flaw size. Thus, it is possible 
that a higher volume fraction of such particles would have resulted in higher fracture 
toughness and similar strength values.
6.6 Summary
This chapter presented the results of the fracture toughness and flexure strength 
measurements for both the hot pressed Al20 3-CrxNi1_x micro-composites and the hot pressed 
Al20 3-Cr nanocomposites.
The fracture toughness and fracture behaviour of the Al20 3-Cr, Al20 3-Cr80Ni20 and 
Al20 3-Cr20Ni80-2 composite have been evaluated by DCB method. It has been found that all 
three composites showed ICR curve, and the increased fracture toughness is the consequence 
of adding the second phase particles. Although the ductility of the chromium has been 
improved in the hot pressed Al20 3-Cr composite, the brittle fracture of Cr particles still 
occurred. When the Ni content was increased to 20wt% in the metallic phase, the fracture 
behaviour was similar to the pure Cr reinforced A120 3. Further increasing the Ni content to 
80% changed the crystal structure of the metallic phase to f.c.c., giving a ductile metal. 
However, in all three of the composites, the frill toughening potential of the metal particles
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was not fully exploited, due to the weak metal/A120 3 interface. The flexure strengths of all 
three composites were decreased compared with the parent material. The weak interfaciai 
behaviour at the metal/ceramic increased the flaw size and this is detrimental to 
strengthening.
The details of the processing procedure are crucial in determining the mechanical properties 
of the Al20 3-5%Cr nanocomposites. The low strength and fracture toughness of the Al20 3-Cr 
nanocomposite fabricated by route I were most likely caused by the non-uniform dispersion 
of the second phase. The highest strength and fracture toughness, 736+29MPa and 
4.0+0.2 MPa m1/2, respectively, were obtained by the nanocomposite hot pressed at 1450°C 
(route II). The strength decreased with increasing hot pressing temperature. This is a 
consequence of abnormal growth of the alumina grains at higher processing temperatures. It 
has been shown that the strengthening in Al20 3-5%Cr nanocomposites mainly results from 
microstructure refinement by adding homogeneously distributed, nano-sized Cr inclusions.
The fracture mode change from intergranular fracture for monolithic alumina to transgranular 
failure for Al20 3-5%Cr nanocomposites may result from the residual thermal stress. The 
intragranular Cr dispersions and intergranular Cr may both have a role in the fracture mode 
change. Crack bridging and crack deflection by the nano-sized Cr particles did not occur to 
any significant extent due to the size effect. The modest increment in fracture toughness in 
the Al20 3-5% nanocomposites may result from the fracture mode change.
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Table 6.1 Mechanical properties of the hot pressed Al20 3“CrxNi,.x composites
Specimens Hardness
(GPa)
Indentation touglmess 
(MPa m1/2)
Grain size 
(pm)
Sfrength
(MPa)
H-A190 3
(AKP-30)
17.5+0.8 3.4+0.2 2.6 476±17
HFIII1 10.9+1.0
HFIII2 14.2±1.6
HFIII3 13.4+1.4
HFIV1 12.0±0.8 7.1+1.1 1.9 440±30
A190 3-
Cr80Ni20
12.7±0.4 6.6±0.7 353±38
A120 3-
Cr20Ni80-2
11.9+0.2 6.8+0.6 418+11
Al20 3-Ni* 10.4 8.2
* data after Sun, 1994
Table 6.2 Dimensions of the specimens for DCB fracture toughness testing
Specimen h tw b0
(mm) (nun) (mm) (mm) (mm) (nun)
HFIV1 6.32 21.2 2.31 1.24 3.5 4.64
Al90 3-Cr80Ni20 5.92 20.0 1.99 0.95 3.81 4.38
Al90 3-Cr20Ni80-2 5.2 16.98 1.56 0.54 3.81 3.52
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Table 6.3 DCB testing results for HFIV1
Load (N) Crack length (mm) IC, (MPa m1/2)
82.8 0.4 3.24
110.98 0.9 4.57
120.55 1.8 5.41
124.73 2.1 5.76
Table 6.4 DCB testing results for Al20 3-Cr80Ni20
Load (N) Crack length (mm) IQ (MPa m1/2)
79.57 0.9 4.16
82 1.6 4.6
84.94 2.87 5.34
Table 6.5 DCB testing results for Al20 3-Cr20Ni80-2
Load (N) Crack length (nun) K, (MPa ml/2)
39 2.56 3.8
45.24 4.18 5.16
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Table 6.6 Mechanical Properties of the Al20 3-5vol%Cr nanocomposites
Specimen Indentation 
toughness 
(MPa m1/2)
Hardness
(MPa)
Strength
(MPa)
Grain size 
(pm)
Particles size 
(nm)
HA1 3.6+0.2 17.6±0.3 425±86 2.7
HA5 3.6+0.2 17.2+0.4 475+12 3.5
a i2o 3-
5%Cr
3.8±0.2 16.1+0.6 457±12 2.1 1500
CHI 3.6±0.4 15.5±0.6 447±18 1.3 467
CH2 4.0+0.2 17.9±0.5 736±29 0.68 124
CH3 3.8+0.3 17.7+0.3 640±20 0.85
CH4 3.8±0.2 16.8±0.5 540+44 1.6 186
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Figure 6.1 SEM photomicrograph showing the non-classical cracking 
around an indentation in HFIII2
Figure 6.2 SEM photomicrograph showing the interaction of
an indentation crack with Cr particles in HFIV1
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Figure 6.3 (a) and (b) SEM photomicrographs showing the interaction of indentation cracks
with the Cr80Ni20 particles in the Al203-Cr80Ni20 composite
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Figure 6.4 (a) and (b) SEM photomicrographs showing the interaction o f indentation cracks
with the Cr20Ni80 particles in the Al203-Cr20Ni80-2 composite
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Crack length AC (mm)
Figure 6.5 Stress intensity factor as a function of crack length for SCR, HFIV1, 
Al203-Cr80Ni20 and Al203-Cr80Ni20-2 composites 
as well as Al203-Ni composite (data after Sun, 1994)
Figure 6.6 SEM secondary electron image showing the fracture surface o f HFIV1
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Figure 6.7 TEM micrograph showing a crack along the AI2O3/O  interface in HFIV1
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Figure 6.8 (a) SEM secondary electron image showing the brittle failure of the Cr particles 
and also the plastic deformation of Cr on the fracture surface of HFIV1 
(b) higher magnification showing a Cr particle which has stretched to a line
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Figure 6.9 (a) and (b) SEM secondary electron image showing the fracture surface
of Al203-Cr80Ni20 composite
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Figure 6.10 (a) and (b) SEM secondary electron image showing the fracture surface
of Al203-Cr20Ni80-2 composite
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Figure 6.11 (a) and (b) SEM photomicrographs showing the interaction of indentation cracks 
with nano-sized Cr particles in the AI2O3-G* nanocomposite (CH4)
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Figure 6.12 SEM photomicrograph showing the interaction of an indentation crack with Cr 
particles in AEO.rSvoF/oCr micro-composite
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Figure 6.13 Flexure strength of the hot pressed AI2O3 and AECX-Cr nanocomposites
as a function of alumina grain size
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Figure 6.14 Fracture surface of the monolithic alumina hot pressed at 
(a) 1400 °C/30 minutes (b) 1450 °C/1 hour
193
Chapter 6 The Influence o f  Microstructure on the Mechanical Properties o f  Hot Pressed APO ,-CrrNi,.r Composites
Figure 6.15 Fracture surface of AI2O3-CT nanocomposites hot pressed at 
(a) 1450 °C/1 hour (CH2) (b) 1500 °C/1 hour (CH3)
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Chapter 7  
Concluding Remarks
7.1 Conclusions from Current Work
The aims of the project were to investigate chromium particulate reinforced alumina ceramics 
and produce a material with an improved strength and similar fracture toughness to other 
metal-ceramic matrix composites. Broadly, these aims have been achieved. Due to inherent 
brittleness of Cr and the different requirements for toughening and strengthening of a 
material, however, a small degree of toughening and significant strengthening have been 
achieved by Al20 3-Cr nanocomposites.
Two Cr powders with different particle sizes in the micrometre range were used as starting 
materials and two different ball milling methods, diy and wet ball milling, were used to 
prepare Al2O3-20vol% Cr powder blends. Al20 3-Cr composites were fabricated by both 
pressureless sintering and hot pressing. However, due to the uniaxial pressing green body 
formation process, holes and defects could not be avoided in the pressureless sintered 
specimens which resulted in the relatively low densities. From SEM observations, it was 
found that the sintering environment is crucial in determining the microstructural 
development of the pressureless sintered Al20 3-Cr composites. Air is not a suitable sintering 
environment in terms of producing dense material. Density can be improved by proper control 
of the oxygen partial pressure during sintering. A denser Al20 3-Cr composite with relatively 
clean interfaces was obtained by sintering in argon. The highest density (98.9%) of all the 
sintered composites was achieved by sintered in a graphite powder bed. It was found that in 
the graphite powder bed, the oxygen partial pressure was high such that Cr was oxidised and 
formed (Al, Cr)20 3 solid solution in the early stages of sintering. As the oxygen partial 
pressure gradually dropped, by consumption of carbon to form a reducing environment of CO, 
it reached the Cr/Cr,03 equilibrium value at a certain temperature. Further decrease of the 
oxygen partial pressure caused the (Al, Cr)20 3 solid solution to be reduced to metallic 
chromium and alumina. Therefore, a microstracture with irregularly shaped Cr particles in an 
alumina matrix resulted.
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Al2O3-20vol%CrxN i1_x (x=0-l) composites with high densities can be achieved by hot 
pressing. Although the distribution of Cr particles in the Al20 3-Cr composites fabricated by 
wet ball milling was more homogeneous and the particle size was decreased compared with 
the pressureless sintered specimens, the particle size showed a bimodal distribution in which 
large Cr particles of the size of 30 pm and sub-micrometre Cr particles coexisted. 
Conventional TEM studies did not find an interfacial layer between A120 3 and Cr in this 
specimen. The microcracks present at the Al20 3/Cr-Ni interface in the Al20 3/Cr80Ni20 and 
Al20 3/Cr20Ni80 composites may be caused by the large thermal mismatch between the 
metallic phase and A120 3 as well as insufficient oxygen during hot pressing.
The fracture toughness of the composites was assessed by indentation and double cantilever 
beam methods. It was found that too little oxygen in the sintering environment (i.e. Ar) or too 
much oxygen (i.e. air) resulted in weak interfaces and was detrimental to the mechanical 
properties of the pressureless sintered composites. The composite sintered in a graphite 
powder bed formed irregularly shaped Cr particles which exhibited stronger interfacial 
behaviour. Using the DCB method, the Al20 3-Cr composite sintered in a graphite powder bed 
and all the hot pressed composites showed increased fracture toughness values, with respect to 
the monolithic alumina, and rising KR-curve behaviour. However, the improvement in fracture 
toughness is limited, especially for the pressureless sintered composites, due to the brittle 
fracture of Cr. Among the Al20 3-CrxNi,_x composites, the highest fracture toughness, 
5.8 MPa ml/2, was achieved by the hot pressed Al20 3-Cr composites. This value is comparable 
to values measured for other alumina-metal systems.
As with other b.c.c. metals, Cr has a ductile-to-brittie transition temperature with decreasing 
temperature. High purity Cr may be ductile at room temperature, but some impurity elements, 
such as carbon, oxygen and nitrogen, may increase the transition temperature well above room 
temperature. The higher carbon content associated with Cr particles in the pressureless 
sintered Al20 3-Cr composite is likely to result from the sintering environment and the starting 
powder. It appeared that factors that led to the strong bonding also led to embrittlement of the 
metallic phase such that these two requirements are almost mutually exclusive. The ductility 
of Cr improved in the hot-pressed Al20 3-Cr samples, possibly because of the lower carbon 
content and the application of pressure during sintering. The possibility of toughening A120 3
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by Cr80Ni20 and Cr20Ni80 alloys was explored. Increasing the Ni content of the alloying 
phase to 20 wt% did not change the ductility, whereas when the Ni content was increased to 
80 wt% the crystal structure changed to f.c.c., giving an inherently ductile metal. However, 
the composites with different metallic phases showed similar fracture toughness values by 
DCB testing. In all these composites, the toughening potential of the metal particles is not 
fully exploited due to the weak Al20 3/metal interface. The character of the alumina/metal 
interface is the main limitation to toughening in the hot pressed composites.
The thermal shock behaviour of the monolithic A120 3 and pressureless sintered Al20 3-Cr 
composites with different particle sizes was studied by water quench testing. Although the 
initial strengths of the two sintered composites were lower than that of the monolithic A120 3, 
the one with fine Cr particles exhibited an improved critical temperature difference, ATC, and 
the specimen with a larger Cr particle size showed gradual strength degradation with 
increasing temperature difference (AT). This behaviour is similar to that shown by a refractory 
material. It was thought that the increased fracture toughness, low initial strength and low 
Young’s modulus of the composite are the primary reasons for the greater strength retention 
following quenching.
Although the hot pressed A l,03-Cr/Ni composites were tougher than the monolithic alumina, 
their fracture strengths were lower than the parent material. The low strength was caused most 
probably by the metal particles acting as sites for crack initiation. In order to reduce the flaw 
size, nano-composites were investigated. An intergranular-type Al20 3-5vol%Cr 
nanocomposite was fabricated using Cr(ACAC)3 as the Cr precursor. Powder processing is 
critical in determining the microstructure of the Al20 3-Cr nanocomposites. It is essential to 
avoid introducing agglomerations at the powder processing stage if a homogeneous 
microstructure to be desired. The Al20 3-5vol%Cr nanocomposite hot pressed at 1450 °C for 
1 hour showed a homogeneous distribution of alumina grains and Cr particles. The grain and 
particle sizes were 0.68 pm and 118 nm, respectively, compared with a grain size of 3.6 pm in 
the monolithic alumina hot pressed under identical conditions. The significant reduction in 
grain size was attributed to the homogenously distributed nano-sized Cr particles. Increasing 
the hot pressing temperature caused some alumina grains to grow abnormally to high aspect
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ratio. This may be caused by the local formation of a liquid phase from the impurity elements 
introduced from the starting powder and powder processing.
The optimisation of the processing details led to a desirable microstructure and significantly 
increased strength. The highest strength and fracture toughness, 736±29 MPa and 
4.0±0.2 MPa m1/2, were achieved by the Al20 3-5%Cr nanocomposite hot pressed at 1450°C 
for 1 hour. The improvement in strength is the consequence of the microstructure refinement 
by adding homogeneously distributed nano-sized Cr particles. Due to the alumina grains 
growing abnormally at the higher hot pressing temperatures, the strength decreased with 
increasing hot pressing temperature. The improvement in fracture toughness was lower than 
for the micro-scale particle toughened alumina. The small size and spherical shape of the Cr 
particles caused them to be easily bypassed by cracks and they did not contribute to toughness 
by deforming plastically. The fracture mode change from mainly intergranular failure for the 
monolithic alumina to transgranular failure for the Al20 3-5%Cr nanocomposites may result 
from the thermal mismatch. The fracture mode change may contribute to the toughening of 
the nanocomposites.
Thus, it has been possible to produce a material with improved strength and comparable 
fracture toughness with respect to other ductile particle toughened ceramics. However, the 
different requirements for toughening and strengthening make it difficult to obtain significant 
toughening and strengthening at the same time, e.g. small grain and particle sizes are desirable 
for strengthening, whereas big particle sizes would benefit toughening. Therefore, a ductile 
particulate reinforced composite with a microstructure in which the size of the 
homogeneously distributed particles is smaller than the matrix grain size and the interfaces are 
relatively strong may be the optimum material in terms of strength and toughness.
7.2 Further Work
Several areas for further study have been identified during the cause of this investigation and 
they are listed below
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• The brittle failure of Cr at room temperature has been identified as a limiting factor in 
toughening the matrix. It is expected that the ductility of Cr will be improved at higher 
temperatures. Thus, there is need to assess the fracture toughness and strength at high 
temperatures which might be more appropriate for some applications of the material.
® The advantage of nanocomposites has been shown in the improved fracture strength.
However, the improvement in fracture toughness is modest. It is necessary to optimise 
the particle size and volume fraction of the Cr phase in order to produce an Al20 3-Cr 
nanocomposite with desirable strength and fracture toughness.
* A transgranular fracture mode has been shown in the Al20 3-Cr nanocomposites. 
Further, the surfaces of the nanocomposites were polished easily to a mirror finish. 
These findings may imply improved properties relevant to wear behaviour. Thus, it is 
desirable to assess the wear resistance of these materials.
® The fabrication route of producing Al20 3-Cr nanocomposites needs to be extended to 
pressureless sintering if the material is to find widespread commercial applications.
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